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The interaction between metals and carbon has been of significant scientific and 
technological interest for hundreds of years. More recently, with the discovery that 
graphene (a single sheet of graphite that exhibits superlative physical properties) can be 
isolated experimentally, many techniques to produce this material and other valuable 
forms of carbon have emerged. This work reports novel metallurgical methods to 
synthesize various carbon architectures but also provides fundamental understanding of 
the mechanisms that occur when carbon transforms from one allotrope to another.   
Porous graphite was prepared by dealloying SiC in molten germanium and then 
excavating the Ge phase. Dealloying is a technique whereby nanoporous materials are 
produced via the selective dissolution of one or more components from an alloy. Here, 
the liquid metal dealloying (LMD) process was extended to non-metal precursors, 
demonstrating that carbide-derived carbons (CDCs) can be fabricated by this process. 
The dealloying depth, concentration profile, and length scale of the dealloyed 
microstructure were examined as they varied with immersion times and temperatures. 
The dealloying depth h varied with time as h ~ t1/2, and we also observed a buildup of Si 
concentration in the germanium in front of the dealloying interface. However, the 
measured activation barrier of 2.4 – 2.8 eV was too high to be consistent with diffusion in 
the liquid phase, so instead, we propose a mechanism in which Si diffusion is impeded by 
unsaturated carbon bonds in front of the dealloying interface. The porous graphite 
exhibited three-dimensional connectivity and a high degree of crystallinity, with an 
I(D)/I(G) ratio of 0.3 for samples dealloyed at the highest temperatures, as determined by 
Raman spectroscopy.  
iii 
Additionally, we have developed the first study on the preparation and 
characterization of freestanding nanostructured carbon materials produced by melt 
spinning nickel-carbon alloys with carbon fractions up to 12 at. % and iron-carbon alloys 
with carbon fractions of 17 at. %. The carbon was excavated by chemical dissolution of 
the metal. We performed a detailed study on the precipitation kinetics of carbon in 
nickel-carbon ribbon. The equilibrium solubility of carbon in Ni is only 2 at. % at the 
eutectic composition, but we attained metastable solid solubility by achieving a rapid 
solidification rate of up to 1.6 𝑥 106 𝐾/𝑠. The excess carbon atoms occupied the 
octahedral interstices in the metal lattice, causing up to 2% strain for an alloy spun at a 
linear velocity of 80 m/s; the lattice distortion was reversed via high temperature heat 
treatments. We also demonstrated the ability to tune the microstructure of carbon 
precipitated from the rapidly quenched ribbon by varying the carbon content from 4 – 12 
at. % in the precursor and annealing the ribbon at temperatures that ranged from 400 – 
1200 ℃. By the step-wise variation of these two parameters, we sequentially transformed 
amorphous carbon nanospheres with a high BET surface area of 203.4 m2/g into thick, 
highly crystalline flakes of graphite as determined by Raman spectroscopy and 
transmission electron microscopy.  
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1 1 Introduction 
1.1 Motivation  
Carbon is a versatile material. Its most common allotropes are diamond and 
graphite; in the former, the carbon atoms are arranged in the tetrahedra characteristic of 
sp3 bonding, while the latter they are arranged in sp2 hybridized sheets where the layers 
are connected by weak van der Waals forces. However, many other carbon morphologies 
exist: graphene, amorphous carbon, nanotubes, lonsdaleite, foams and carbide-derived 
carbons are examples, some of which are shown in Figure 1-1.  Such a variety in 
morphologies leads to equal diversity in properties and corresponding applications. As 
such, the ability to tune the properties of carbon by transforming it from one 
microstructure to another is a useful technological advantage that has implications for a 
variety of fields.  
The purpose of this thesis is to establish novel methods of carbon conversion via 
metallurgical routes. We show that the process of preparing nanostructured porous 
materials via liquid metal dealloying is not restricted to metal precursors but can be 
extended to covalently bonded ceramic materials. We also examine the kinetics of the 
dealloying of a non-metal precursor and outline how it differs from conventional 
dealloying. We demonstrate that a variety of carbon nanostructures, including amorphous 
carbon, graphene and graphite sponges can be fabricated from inexpensive graphite 
materials via a rapid solidification process called melt spinning.  
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Figure 1-1. A graphic depicting the microstructure of multiple allotropes of carbon. Graphite 
typically comprises 10 or more layers of graphene; only two layers are shown here for illustration. 
Adapted from Ref. [1]. 
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1.2  Chapter Summaries  
The remainder of the chapter will give an overview of the fundamental concepts 
required to understand the techniques used to synthesize carbon materials in this work. It 
will also provide a review of the relevant literature, highlighting important experimental 
breakthroughs that have advanced the field.   
In Chapter 2, we show that liquid metal dealloying is a promising technique in the 
fabrication of porous carbon material from silicon carbide. We simultaneously establish 
the ability to expand the set of materials available to dealloying as well as provide an 
alternative route to the preparation of a carbide-derived carbon with a uniform 
morphology and tunable pore size. We also examine the kinetics of the liquid metal 
dealloying of a non-metal precursor as it deviates from the expected mechanisms 
typically seen in dealloying of metal alloys.  
In Chapter 3, we present a study of the microstructural variations that occur in Ni-
C alloys that are processed via melt spinning. We attained metastable solid solubility of 
carbon in nickel ribbon by achieving a rapid solidification rate of up to 1.6 x 106 K/s. 
Excess carbon atoms were found to occupy the octahedral interstices in the nickel lattice 
causing up to 2% strain for an alloy spun at 80 m/s tangential wheel speeds.  We also 
examine the precipitation kinetics when the ribbon is subjected to high temperature heat 
treatments. We find that annealing leads to precipitation of carbon from the nickel lattice 
on the ribbon free surfaces but also leads to subsequent growth of spherical precipitates 
within the nickel matrix via bulk diffusion-driven Ostwald ripening.   
In Chapter 4, we examine the microstructural evolution of carbon that was 
produced via chemical dissolution of the Ni from supersaturated melt spun Ni-C. We will 
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show that the morphology can be tuned by varying the carbon content from 4 – 12 at. % 
in the precursor and annealing the ribbon at temperatures that ranged from 400 – 1200 
℃. Via the step-wise variation of these two parameters, we sequentially transformed 
amorphous carbon nanospheres with a high BET surface area of 203.4 m2/g (see 
Appendix B.1) into graphene and eventually into thick, highly crystalline flakes of 
graphite.   
In Chapter 5, we will show that nanoporous graphite with a honeycomb lattice 
architecture can be prepared by melt spinning iron-carbon alloys followed by chemical 
dissolution of the metal. The resulting material from as-spun ribbon was a freestanding 
carbon foam with hierarchical porosity; the sizes of the cells ranged from 2 – 5 μm, but 
the carbon walls that enclosed the cells contained nanometer sized pores. Annealing 
resulted in the disappearance of the submicron sized pores, but the open cell pore size 
remained unchanged by thermal treatment. Raman spectroscopy and TEM analysis 
revealed that the material consisted of amorphous carbon even after annealing and the 










1.3  Carbide Derived Carbons  
Carbide-derived carbons (CDCs) are a classification of carbon materials derived 
from the selective removal of a metal/metalloid component from a precursor carbide 
(e.g., SiC, VC, Ti3AlC2). The morphologies of CDC materials include amorphous carbon, 
highly ordered graphite, graphene, nanotubes, diamond, carbon onions and porous carbon 
with varying pore sizes [2–5]; the structure depends on the choice of carbide precursor, 
the applied temperature and pressure, and the synthesis method [6]. An example of a 
CDC film grown on the surface of a Si/SiO2 substrate by the treatment of TiC with hot 
chlorine gas is shown in Figure 1-2. The wide variety of CDC microstructures allow for 
diverse properties and therefore makes these materials suitable for a wide range of 
applications including, but not limited to, supercapacitor electrodes [7], tribological 
coatings [8],  hydrogen storage [9], and protein sorption [10].  
 
Figure 1-2. CDC film prepared by the chlorination of TiC. Reprinted from Ref. [11] 
 
6 
1.3.1 CDC Synthesis Methods  
All CDC synthesis methods involve the selective extraction of the metal or 
metalloid atoms from a carbide material, transforming it into pure carbon. This 
transformation is conformal; that is, the resultant CDC material retains the macroscopic 
geometry of the parent material, even after a component is removed. This conservation of 
the original shape occurs because the carbon layer is formed by growth from the surface 
inwards, as opposed to a chemical or physical vapor deposition process where carbon is 
deposited as a layer on the exterior of a substrate. The three primary methods of CDC 
synthesis - halogenation, hydrothermal treatment and vacuum decomposition - will be 
discussed in detail in the subsequent sections.  
1.3.1.1 Halogenation 
Halogenation is the process in which the metal or metalloid atoms in the carbide 
are selectively etched upon exposure to a halogen-containing gas. Chlorination of Si was 
first reported by Hutchins [12] in 1917 and the following reaction was observed: 
 SiC(s) + 2Cl2(g) → SiCl4(g) + C(s)                 (1) 
Initially, the C was considered as a waste byproduct in the synthesis of SiCl4 until 
it was realized that the porous CDC was a valuable material [6]. While fluorine or 
fluorine-containing etchants such as HF can be used as the etching medium, chlorination 
has proven to be the most economical and well-studied method of CDC synthesis.  
The carbon fabricated by treatment in pure chlorine gas is predominantly highly 
disordered and porous but often contains residual halogen or metal chlorides that can be 
removed by annealing [5].  Temperature also affects the resultant CDC structure; Presser 
[6] reported that at lower temperatures such as 600 ℃ for SiC chlorination, amorphous 
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carbon is the dominant morphology, but as temperatures reach 1000 ℃, there is a 
significant increase in structural order of the carbon. Additionally, carbon nanotubes 
(CNTs), onions, barrel-like structures, and fullerenes have been reported as the product of 
chlorination of carbides [6]. 
1.3.1.2 Hydrothermal Decomposition 
Hydrothermal CDC synthesis was first reported in the early 1990s. Hydrothermal 
decomposition involves the interaction of the carbide precursor with hot, high-pressure 
water in the range of 200 – 1000 oC and pressures of up to hundreds of MPa. Where M  is 
the metal/metalloid element in the carbide, the main reaction to produce CDCs is: 
 MC + xH2O → MOx + C + xH2                                             (2) 
However, alternate reactions that produce the byproducts CH4, CO2, CO and H2 are also 
observed.  
The carbon structure formed by this technique varies depending on the precursor 
and the processing conditions; for instance, amorphous porous graphite was grown on the 
surface of Tyranno fibers (amorphous SiOxCy with nanometer-sized -SiC domains) at 
300 – 400 oC and 100 MPa, whereas the formation of amorphous carbon, graphite, and 
diamond structured carbon was reported on the surface of - and -SiC powder and 
single crystals after treatments at 300 – 800 oC and 100 – 500 MPa [6,13–16]. 
1.3.1.3 Thermal Decomposition  
Thermal decomposition of carbides takes advantage of carbon’s high melting 
point to transform the carbide into carbon. Heat treatment of the precursor in a vacuum or 
in inert atmospheres facilitates the selective evaporation of the metal/metalloid element to 
form a variety of carbon morphologies, such as graphene, carbon nanotubes, and porous 
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carbon [6,17,18]. Kusunoki and others [18] synthesized self-organized carpets of carbon 
nanotubes by heat treating β-SiC single crystals to 1700 ℃ at 10-9 Torr with a laser. 
Unlike carbon nanotube formation via CVD, this process negated the use of metal 
catalysts and produced CNTs of the same chirality.  
 SiC is the most commonly utilized precursor for this method because it exists in 
various forms (powder, fibers, etc.), but also because it is readily available as large single 
crystals. However, SiC is anisotropic, and the differences in surface energy of the Si face 
(2.2 J m-2) and the C-face (0.3 J m-2) affect the type of carbon nanostructure formed and 
its growth rate. For example, Kusunoki [19] observed that under the same conditions, 
CNTs grew on the C-face but graphite sheets on the Si-face. The mechanism of C growth 
from SiC by decomposition was investigated by Badami [20], who reported that it 
requires 2-3 SiC bilayers to form a single graphene layer. As such, structural 
reorganization, facilitated by higher carbon mobility at elevated temperatures, was 
offered as an explanation for this occurrence.  
Aluminum chloride was also investigated as a precursor for CDC growth. In 1958 
Foster et al. [21] demonstrated the production of graphite single crystals by heating Al4C3 
to temperatures above 2200 ℃ at atmospheric pressure, therefore proving that other 
carbides have potential as precursors in this particular CDC formation method.  
1.3.2 Kinetics of CDC Transformations 
Two primary kinetic regimes are observed in CDC fabrication. For thin CDC 
films, approximately 50 – 100 μm thick, the rate limiting step is the reaction between the 
halogen and the carbide, and the growth rate is linear with time [6]. The high degree of 
porosity in the CDC layer facilitates fast diffusion of SiCl4 out of the pores (if the 
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halogen used is chlorine). For thicker CDC layers and longer halogenation times, there is 
a buildup of the byproduct gas at the transformation interface and the rate-limiting step 
becomes diffusion out of the porous layer. Under these conditions, the CDC growth rate 
varies with time as t1/2 [22]. Figure 1-3 displays a CDC film grown via chlorination of 
SiC and a plot of CDC layer thickness against time. The linear kinetic regime is evident 
at the lower temperature and shorter chlorination times, and the transition to power-law 
diffusion mediated kinetics is observed as the CDC thickness increases.   
 
Figure 1-3. Sintered α-SiC in Ar + 3.5% Cl2 (left). A plot of CDC layer thickness vs. reaction time 
at two temperatures (right). For a short time and low temperatures, linear kinetics dominate. At 
higher temperatures and longer reaction times, a parabolic time law is observed. Adapted from Ref. 
[6]. 
1.4 Dealloying 
Dealloying is a facile materials processing technique used to fabricate a variety of 
bulk nanostructured materials. Conventionally, dealloying is a self-organization process 
that involves the selective dissolution of one or more of the components of a 
homogeneous alloy to yield a three-dimensional bicontinuous nanoporous network. The 
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morphology of nanoporous metals is unique. Other nanomaterials, such as nanoparticles, 
only contain regions of positive (or negative) curvature, while nanoporous metals contain 
regions of positive, negative, and saddle point curvature in a complex topology. 
Furthermore, because mass transport is primarily via surface diffusion, there are no 
mechanisms to create defects like grain boundaries; the implication of this is that if a 
single crystal is dealloyed, the final dealloyed material is a porous single crystal. 
Additionally, since the final structure evolves as a kinetic competition between the 
dissolution rate and interfacial diffusion rate of the remaining component, the length 
scale of the resultant microstructure is controlled dynamically rather than being intrinsic 
to the parent alloy and this length scale is on the dimension of nanometers [23–26].  
 These distinctive geometric features lend themselves to a variety of applications 
that utilize the materials’ high surface area, open porosity and favorable mechanical 
properties. For example, Pounds et al. [27] used porous Nb reinforced with niobium 
silicide platelets [28] to fabricate working electrodes for the hydrogen evolution reaction 
in a sequential flow cell. Bai et al. [29] fabricated nanoporous Cu from an Al-Cu alloy for 
use as a low cost electrochemical actuator. Okulov et al. [30] dealloyed the surface of the 
Ti-6Al-7Nb by selective dissolution of the Al, leading to improved biocompatibility of 
the alloy.   
Seminal studies on dealloying involved the use of an aqueous electrolyte to enable 
the selective removal of one species from an alloy. However, researchers have since 
identified alternative dealloying media that have further expanded the field to include 
dealloying via liquid metals, solid metals, or atmosphere. Changing the media changes 
the driving force for porosity evolution and ultimately leads to increasing the number of 
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materials compatible with the dealloying process.  Figure 1-4 summarizes the four 
dealloying techniques currently in the literature. In each technique, differentiated from 
the other by the dealloying medium, element B is selectively removed from the parent 
alloy and a nanoporous structure comprised of element A remains. The dealloying 
process and its history will be described in further detail in the remainder of this section.  
 
 
Figure 1-4. A schematic depicting the four dealloying techniques differentiated by the use of 
different dealloying media used to facilitate the selective removal of a component from an alloy. 
Typical setups for each experiment are also shown (Reused from Ref. [31]) 
 
1.4.1 Electrochemical Dealloying  
One of the earliest recorded mentions of a dealloying process dates back to the 
second millennium B.C. in the pre-Columbian Andean era [32]. In a process referred to 
as depletion gilding, the ancient metallurgists enriched the surfaces of copper-silver-gold 
alloys, called tumbaga alloys, to achieve gold coloration by applying corrosive salts to 
the material surface that preferentially dissolved the less noble elements. Achieving a 
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more expensive finish while still maintaining the properties of the base alloy was 
culturally significant; the Incas considered gold “the sweat of the sun” and silver “the 
tears of the moon” and as such, these materials signified political power, social status and 
religious affiliations.  
In more recent history, however, dealloying was often considered as a deleterious 
materials corrosion process. The dezincification of brasses has been studied since the 
1800s [33] where, for example, the selective dissolution of zinc from Cu-Zn alloys in 
marine environments led to mechanical failure; it was observed that even though the part 
retained its original dimensions, the metal had no physical strength and displayed a 
structure of spongy copper [34]. Efforts to elucidate the mechanism by which this 
porosity evolves began in earnest in the 1960s. Pickering and Wagner [35] postulated that 
volume diffusion via divacancies was responsible for the observed porous pattern when 
Cu-Au and Cu-Zn alloys were submerged in electrolytes. However, this theory did not 
reconcile the requirement for unfeasible diffusion rates. In 1979, Forty [26] proposed a 
model whereby surface diffusion contributed to pit formation in a 50:50 Ag-Au alloy 
corroded with 50 % aqueous solution of nitric acid. The model claimed that atomic 
roughening of the alloy surface occurred by the selective dissolution of the less noble 
(LN) species, leaving behind silver vacancies or gold adatoms. Eventually, surface 
diffusion of the gold allowed for island nucleation and growth into the interconnected 
structure characteristic of dealloying. The proposed process, however, still included the 
possibility of mass transport of atoms through the bulk of the material or across the 
crystal surface to maintain dissolution.  
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While Pickering, Wagner and Forty provided the basis for modern study, the 
accurate working model for electrochemical dealloying was only introduced in 2001 by 
Erlebacher et al. [36] using a combination of kinetic Monte Carlo simulations and 
numerical solutions. The model is described in detail elsewhere [36,37] and summarized 
in Figure 1-5 using Ag70Au30 as a prototype, where Au is the more noble (MN) metal, 
meaning it has a higher positive standard reduction potential (1.5 V) than silver (0.80 V). 
Porosity evolution is driven by the application of a potential that lies between the 
reduction potentials of the two elements; this potential must be above a composition-
dependent critical potential Vc to drive the reaction and may either be applied passively 
via free corrosion or actively by the application of a potential.  
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Figure 1-5. Working model for porosity in the Ag-Au alloy system (Ag, grey; Au, orange). (a) Ag 
atoms dissolve from terrace sites – the rate-limiting step. (b) Surface diffusion passivates low-
coordination sites with Au, leading to surface roughening. (c-d) As dealloying proceeds, a large 
surface area develops, leading to exposure of undissolved Ag atoms. As a result, ligaments are 
undercut and bifurcated. (e) Nanoscale ligaments with Au-rich surface and Ag-rich interiors evolve. 
(f) As coarsening increases the length scale of the initial structure, residual Ag atoms are exposed 
and dissolved, leaving the final structure with a low Ag content. 
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Under these conditions, Ag atoms are easily solvated and extracted from low 
coordination sites. The rate-limiting step is the dissolution of a silver atom from a high 
coordination site such as a terrace, which leads to the formation of a terrace vacancy that 
grows laterally into a vacancy cluster as near-neighbors are extracted into solution. At 
first, the remaining Au species exist as adatoms but reorganize on the surface driven by 
uphill diffusional kinetics (Cahn-Hilliard) and capillary forces. The interfacial diffusion 
of the Au exposes fresh surfaces to dissolution, allowing dealloying to continue.  Au 
clusters grow into mounds that bifurcate when the diffusion distance exceeds the 
threshold for efficient transport. The process of mound growth and bifurcation repeats, 
and so porosity proceeds into the bulk, and a bicontinuous structure is formed with 5-30 
nm ligaments and pores [23,24,37]. An example of nanoporous gold prepared by 
dealloying a Au-Ag alloy in nitric acid is shown in Figure 1-6.   
Figure 1-6. Scanning electron micrograph of nanoporous gold prepared by immersing Au26Ag74 in 
nitric acid. Adapted from Ref. [36] 
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1.4.2 Coarsening 
  Chen and Sieradzki [38] demonstrated that feature sizes scale linearly with the inverse 
homologous dealloying temperature Tm/Tdealloy: the ratio of the melting point of the 
remaining component to the dealloying temperature. Higher melting point materials, 
therefore, form finer features due to decreased surface mobility.  The nanoporous 
structure is metastable and will undergo coarsening when annealed or electrochemically 
cycled; Figure 1-7 shows the coarsening of nanoporous gold dealloyed in nitric acid of 
increasing times.  Coarsening is driven by two surface-diffusion mediated processes with 
a t1/4 dependence: capillary effects and genus-reduction events. The driving force in the 
former is a reduction of surface area where there is mass transport from regions of high to 
regions of low curvature. The latter is driven by Rayleigh instabilities where ligaments 
pinch off to reduce the genus (number of “handles”) in the material [39].   
 
Figure 1-7. SEM and optical micrographs (insets) of nanoporous Au formed by free corrosion of a 
homogenous Ag65Au35 alloy in concentrated nitric acid. (a) The system was dealloyed for 24 h and 
exhibits ~ 30 nm features. (b) An additional 100 h treatment in acid results in feature sizes that 
coarsen to ~60 nm. (c) Features coarsen to several micrometers after thermal treatment at 800 ℃ 
for 10 min in air (Reused from Reference [37].  
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1.4.3 Conditions for Electrochemical Dealloying 
The composition range of the parent alloy determines whether the structure will 
dealloy fully or at all; for materials dealloyed electrochemically, the range is limited to 
approximately 15-50 atomic percent of the more noble metal [37]. The parting limit - the 
upper end of the range -  is the critical alloy composition necessary for complete 
dealloying; below this value, dealloying will not proceed to completion. In the case of 
Ag-Au, the parting limit is ~55 at. % Ag. Artymowicz [40] showed that there needs to 
exist a large enough chain or cluster of Ag atoms to facilitate solvation and dissolution by 
anions in the electrolyte; if there are fewer of the LN atoms in the alloy, they will become 
passivated by the MN species, effectively halting porosity evolution. At the other end of 
the range, the parent material dissolves and redeposits as particles instead of 
topologically complex porous structure [41].  
The window of standard reduction potentials between the MN and LN 
components of the alloy needs to be large, hundreds of millivolts, for dealloying to 
proceed. For example, this difference for Ag and Au is ~ 1 V. On the other hand, if the 
reduction potential difference is too small, both elements simultaneously dissolve. For 
example, this potential difference is only ~ 500 mV for Ni and Cu; therefore, 
electrochemical dealloying cannot be performed with an alloy of these two components.  
The surface diffusivity of the MN component is also an important consideration in 
electrochemical dealloying. If the surface diffusivity is too low (e.g., W), the atoms will 
not diffuse fast enough to form porous structures at the low temperatures typically used to 
perform ECD. In contrast, if the surface diffusivity is too high, the structure will 
passivate and prevent dealloying from occurring.  
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1.4.4 Liquid Metal Dealloying  
Liquid Metal Dealloying (LMD) is a technique analogous to ECD in the 
fabrication of nanoporous materials. The major experimental difference, however, is that 
an aqueous electrolyte used as the liquid medium in ECD is replaced by liquid metal in 
LMD. The driving force for selective dissolution is differences in enthalpy of mixing 
between the alloy and the liquid metal. The major advantage of LMD is that it widens the 
set of materials that can be dealloyed since the essential requirements for ECD, discussed 
in Chapter 1.4.3, need not be met.   
The LMD technique was first described by Harrison and Wagner [42] in 1959, 
where they successfully fabricated porous Ni by immersing a Cu-Ni parent alloy in 
molten silver and porous Cu by the preferential dissolution of Au in molten Bi from a Cu-
Au parent alloy. Although the authors suggested potential applications for the technique, 
including catalysts or porous bearings containing lubricants,  liquid metal dealloying did 
not garner popularity until 2011 with work published by Wada et al. [43]. These authors 
fabricated porous Ti by the liquid metal dealloying of a Ti30Cu70 melt spun ribbon in a 
Mg bath, demonstrating for the first time the evolution of porosity in less-noble metals.    
Here, we will use Ta-Ti dealloyed in molten Cu to form nanoporous Ta as the 
model system to describe LMD further. As shown in the phase diagrams in Figure 1-8, 
this trio of elements exhibits the thermodynamic requirements that facilitate the 
formation of porosity: (i) Ta-Ti form a solid solution over a wide composition range, (ii) 
the enthalpy of mixing is positive between Ta and Cu, so Ta does not dissolve in the 
metal bath and (iii) the enthalpy of mixing is negative between Ti and Cu, meaning 
dissolution is favorable.  
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Figure 1-8. Phase diagrams used to determine that nanoporous Ta can be fabricated by liquid metal 
dealloying of a Ta-Ti alloy in molten Cu. (a) The Ti-Ta system forms a homogeneous solid solution 
over the entire composition range. The composition at Ti55Ta45 is highlighted as an example of a 
typical precursor alloy. (b) The Ta-Cu system shows limited solubility of Ta in Cu at temperatures 
investigated in LMD (highlighted by the green bar). (c) The Ti-Cu system shows that when small 
amounts of Ti (relative to Cu) are immersed in liquid Cu, dissolution occurs.  
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As depicted in Figure 1-9, the precursor alloy sample is immersed in the liquid Cu 
bath at the desired temperature, and the Ti is dissolved. As in ECD,  the non-dissolved 
species (Ta) migrates along the alloy-melt interface and reorganizes into the porous 
structure characteristic of dealloying.  However, upon termination of the process, pulling 
the alloy out of melt, the molten metal simply solidifies and a fully dense composite is 
formed that consists of the porous material with the dissolving medium solidified within 
the pores. This bicontinuous nanocomposite sometimes exhibits superior mechanical 
properties [37,44]. However, if a porous monolith is preferred, the dissolving metal can 
be excavated by chemical etching.  
 
Figure 1-9. (a) A photograph showing a Ti-Ta sample being immersed in a liquid Cu bath heated 
by RF induction. (b-c) A schematic depicting porosity formation on the surface of the sample 
during LMD. (d) SEM micrograph of a sample of Ti55Ta45 dealloyed in Cu at 1240 ℃ for 20 s. The 
dealloying interface is sharp and flat, clearly delineating the undealloyed parent material on the left 
and the porous Ta-Cu composite on the right (Adapted from Ref. [45]).  
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The reintroduction of LMD has proven to be a significant advancement to the wider field 
of dealloying because it expands the set of materials systems to study when compared to 
ECD [37], see Figure 1-10. The electrochemistry of precious metals is well understood, 
but less noble metals rapidly oxidize or corrode in aqueous solvents, placing limitations 
on the set of materials that can be electrochemically dealloyed.  In contrast, by using a 
liquid metal as the dissolution medium, a variety of new single and multi-component 
porous materials have been fabricated, e.g., porous Ta from Ta-Ti dealloyed in molten Cu 
[45], porous Nb/Nb5Si3 composite also dealloyed in molten Cu [28] and porous Si from 
Mg-Si dealloyed in molten Bi [46]. 
 
Figure 1-10. Periodic table (© 2015 Todd Helmenstine) highlighting elements that have been 
dealloyed electrochemically (purple) and elements that have been dealloyed via liquid metal 
dealloying (orange). Adapted from Ref. [47]. 
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1.4.4.1 Liquid Metal Dealloying to Fabricate Porous Carbon  
Most systems studied by LMD utilize alloy precursors that contain only metals or 
semi-metals,  but recently nanographite was fabricated by selectively dissolving the metal 
from a metal-carbon precursor.  Specifically, Yu et al. prepared a powder of composition 
Mn85C15 (particles size ≤ 100 m) and selectively dissolved Mn in molten Bi at 800 ℃  
to form a three-dimensional nanoporous graphite powder [48]. The Bi rich phase was 
removed by chemical etching in nitric acid. The parent material separated into α-Mn and 
Mn23C6 phases that revealed distinct structures after dealloying; see Figure 1-11.  
 
Figure 1-11. SEM images of porous C produced by the dealloying a Mn-C ingot in liquid Bi at 800 
℃ for 600 s, following by removal of the Bi rich phase in HNO3. (a) Porous C developed from the 
dealloying of the α-Mn phase (b)  Porous C developed from the dealloying of the Mn23C6 phase. 
Adapted from Ref. [48]. 
1.4.5 Comparison between Liquid Metal Dealloying and Electrochemical 
Dealloying 
While the fundamental principle of dealloying – the selective dissolution of a 
component of an alloy – exists in both LMD and ECD, the effect of exchanging the 
aqueous dealloying medium in ECD for the liquid metal in LMD is worthy of closer 
examination. The major similarities between the two processes are described below: 
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• An interfacial pattern forming instability arises because of the kinetic competition 
between dissolution and surface diffusion. The process, described in further detail in 
Chapter 1.4.1, governs the evolution of porosity in both varieties of dealloying.  
• The ligament diameters of porous materials fabricated by both LMD and ECD 
scale universally with the inverse “homologous dealloying temperature,” Tm/Tdealloy, 
which is the melting point of the nanoporous material divided by the dealloying 
processing temperature. Figure 1-12 depicts this correlation and indicates the dealloying 
duration as well since coarsening impacts how well the data fit the trend.  
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Figure 1-12. Universal trend in ligament diameter versus the inverse homologous temperature 
(Tm/Tdealloy) for ECD (red-to-yellow gradient) and LMD (blue-to-green gradient) at various 
dealloying times (different marker shapes.) The dealloying duration significantly impacts ligament 
diameter for low melting point elements and high dealloying temperatures, causing scatter at high 
homologous temperatures. Reprinted with permission from Ref. [47] 
The major differences between the two processes are described below: 
• The rate limiting behavior in the processes is not the same. In ECD, the diffusivity 
of oxidized metal ions in the electrolyte is very fast (on the order of 10-6 cm2/s) relative to 
dealloying interface velocities (~ 10 nm/s) [47,49], which leads to an effectively constant 
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dealloying velocity. Therefore, the rate limiting step in ECD is the 
attachment/detachment of the atoms from the solid-liquid interface. In contrast, the 
dealloying front velocity is much faster in LMD, on the order of 1 μm/s, while the 
diffusivity in the molten melt is about the same is as in aqueous solvents. As a result, 
LMD is diffusion limited in the melt, and the interface velocity slows down with time as 
t1/2 [45].  
• In LMD, there is some dissolution and partitioning of the remaining component in 
the melt. The concentration of the dissolving species at the solid/liquid interface is in 
local equilibrium with the parent alloy and the concentration decays in a manner 
predicted by diffusional mathematics. The concentration of the dissolving component 
right at the interface can be as high as tens of percent, which increases the solubility of 
the “remaining” species in the liquid. Far from the interface, any of the “remaining” 
component that was dissolved will encounter a lower concentration of the dissolving 
species and will partition laterally back into the evolving porous structure.  
These effects primarily manifest as differences in morphologies in ECD and LMD 
at varying mole fractions of the non-dissolving component in the parent alloy. There are 
two primary structures observed in ECD: (i) the prototypical three-dimensional 
bicontinuous network of pores and ligaments and (ii) particles, which form when the MN 
component fraction is low and the dissolution rate is high. A greater variety of 
morphologies, however, is seen in LMD, as shown in Figure 1-13. At low mole fractions 
(5 at. %) of the remaining component, particles are still formed. At intermediate mole 
fractions (15 at. %), a lamellar morphology is observed, a microstructure never observed 
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in ECD. At high mole fractions of the non-dissolving component (35 at. %), the expected 
bicontinuous interconnected structure is formed.  
 
 
Figure 1-13. Comparison of dealloyed morphologies formed in liquid metal and aqueous electrolyte 
as a function of parent alloy composition. (a) TixTa1-x dealloyed in molten Cu via liquid metal 
dealloying; at low Ta concentrations, the dealloyed morphology forms droplets and lamella and as 
the Ta content increases, the dealloyed morphology becomes interconnected. (b) AgxAu1-x 
dealloyed in concentrated HNO3 via electrochemical dealloying; the dealloyed structure is 





1.5 Melt Spinning 
Melt spinning is a rapid solidification technique first patented by British scientists 
Strange and Pim [50] in 1908 to manufacture sheets and ribbons of lead, zinc, and other 
alloys.  In this process, a molten stream of metal is ejected onto a rotating substrate which 
extracts heat from the melt and expels a quenched ribbon. Conventional solidification 
typically proceeds at cooling rates lower than 100 K/s and generally results in phases and 
microstructures predicted by equilibrium thermodynamics [51]. However, melt spinning 
is a far-from-equilibrium cooling technique where solidification rates between 104 – 107 
K/s are encountered [52].  As a result, phases and microstructures that are favored 
kinetically instead of thermodynamically may evolve.  The technique saw a resurgence in 
popularity in the 1960s and early 1970s when Pond and Maddin [53] investigated 
extended solid solubility in Cu-Au filaments prepared by ejecting a melt on the inside of 
a rotating drum and Chen and Miller [54] prepared amorphous alloys by ejecting melts 
between a pair of rapidly rotating steel rollers held together under pressure.  
Continuous casting of alloys by melt spinning can be achieved by a variety of 
experimental arrangements, often differentiated by the type of rotating substrate used to 
facilitate rapid quenching. In the setup described by Strange and Pim [50], the melt is 
impinged on the exterior surface of a rotating wheel, and of this type, there are two 
primary variations: planar flow casting (PFC) and free jet melt spinning (FJMS). The 
difference between the two is the distance between the nozzle from which the liquid 
metal is expelled and the surface of the solidification substrate, where this distance is 
large (several millimeters) in FJMS and so small (< 1 mm) in PFC that the melt is 
simultaneously in contact with the nozzle and the spinning wheel [55]. The advantage of 
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the latter is that the constrained melt pool damps perturbations and leads to uniform 
ribbon thickness and smooth ribbon edges. Wheel substrate roughness or surface 
contaminants, entrapped gas molecules, or imperfections in the crucible nozzle also lead 
to instability of the melt pool and can result in non-uniformity in the ribbon and edge 
serrations [55,56]. 
Several applications that take advantage of the unique geometry of melt-spun 
materials and their far-from-equilibrium microstructures have been explored. A few 
examples are highlighted below.  In 2014,  Zhang et al. [57] prepared nanocrystalline and 
amorphous Mg-Nd-Ni-Cu based alloys by melt spinning and demonstrated the material’s 
potential utility in hydrogen storage. Shelyakov [58] and colleagues prepared a 
micromechanical device – microtweezers  –  by melt spinning the shape memory alloy 
Ti50Ni25Cu25 (at. %). High silicon steels prepared by melt spinning have also been 
considered for their potential in the use of distribution transformers due to the material’s 
superior mechanical properties when compared to traditional fabrication methods [59].  
1.5.1 Working Principle  
A schematic of the planar flow casting melt spinning method, referred to simply 
as melt spinning henceforth, is shown in Figure 1-14. The solid alloy is placed into a 
crucible heated to some temperature above its melting point. A back-pressure is applied 
to the molten metal which is ejected from the crucible nozzle onto a rotating wheel that 
functions as a heat sink. Upon impingement, the liquid metal forms a melt pool that acts 
as a local reservoir from which quenched ribbon is continuously expelled.  The shape of 
the melt pool is formed from the counteracting forces of tangential flow of the material 
and its surface tension [60]. 
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Figure 1-14. A schematic diagram of the melt spinning process. The liquid melt is impinged on a 
rotating wheel where it forms a melt spool from which solidified ribbon is expelled.  
1.5.2 Microstructural Evolution 
In addition to its function as a heat sink, the wheel surface provides heterogeneous 
nucleation sites for the growth of solid phases.  A schematic representation of ribbon 
microstructure is found in Figure 1-15. Typically, solidification begins in the form of 
fine, equiaxed crystals and extends laterally until the contact surface is covered. From 
this initial chill zone, columnar grains grow in the direction parallel to the thermal 
gradient, i.e., normal to the ribbon surface. In Ni alloys, the preferential growth direction 
of the columnar grains is the [100] orientation [55].  With sufficient cooling rates, the 
early stage of columnar solidification is partitionless; that is, the solidification velocity is 
faster than the diffusion of solutes, which become trapped in the solid phase. The 
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equilibrium partition coefficient (𝑘 = 𝑐𝑆/𝑐𝐿) is generally less than unity but can 
approach k = 1 in rapid solidification processes [61], and the equilibrium solid solubility 
can be greatly exceeded.  As the solidification front advances from the contact surface to 
the free surface, the latent heat of solidification is released, reducing the thermal gradient 
and the interface velocity. When solidification is no longer partitionless, the 
microstructure of the ribbon transitions into a cellular configuration with much larger 
grains.   
 
Figure 1-15. Schematic representation of the microstructure typically found in melt spun ribbons. 
Adapted from Ref. [55]. 
1.5.3 Experimental Parameters That Affect the Cooling Rate  
The unique properties and microstructures of alloys synthesized by melt spinning 
are strongly dependent on the experimental cooling rate. As a result, several studies have 
sought to elucidate the effect of various processing conditions on the cooling rates 
encountered in melt spinning [62–64].  
Many experimental parameters affect the cooling rate, including the nozzle-wheel 
gap, melt superheat, the ejection gas pressure, wheel material and its surface finish, and 
the wheel velocity. These parameters primarily affect the ribbon thickness and 
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researchers have often described it as the most important feature of melt-spun material as 
its value is highly correlated with the cooling rate; the average cooling rate increases 
approximately as the inverse square of ribbon thickness for ideal cooling  [55,62,65]. A 
selected few of these factors are discussed in further detail below.  
1.5.3.1 Wheel Speed  
According to a relationship between wheel speed Vs and ribbon thickness h 
experimentally derived by Tkatch et al. [62], 𝑑 ∝ 𝑉𝑠1.3 and in the case where the wheel 
speed was the experimental variable, the cooling rate ?̇? was determined to be ?̇? ∝ 𝑑−2 for 
ideal cooling. Therefore, the cooling rate is directly proportional to the wheel velocity 
and inversely to the square of ribbon thickness. Increasing the wheel velocity increases 
the cooling rate due to improved thermal contact between the ribbon and the substrate, 
but also because it results in a decrease in ribbon thickness [51].  
1.5.3.2 Melt Ejection Temperature 
Ribbon thickness tends to decrease with the melt ejection temperature. One 
explanation proffered by scientists [62] is that, dictated by a momentum transfer 
mechanism,  liquid metals at high temperatures have lower viscosities, and these lower 
viscosities lead to a thinner melt layer extracted by the wheel from the melt pool. Fiedler 
et al. [66] also provided an alternate explanation for the observed relationship where the 
increasing surface tension of Fe-based alloys with temperature led to the decrease in 
ribbon thickness.  
1.5.3.3 Melt Ejection Pressure 
The effect of the pressure at which the melt is ejected into the rotating wheel PE  
on the cooling rate is complex. On one hand, increasing the ejection pressure results in 
32 
increased contact time between the ribbon and the wheel surface, allowing for improved 
heat transfer. However, in agreement with Bernouilli’s equations for fluid flow, thickness 
h varies linearly with 𝑃𝐸
1
2, that is, ribbon thickness also increases with ejection pressure, 
which is manifested as a decrease in the cooling rate.   
 
1.6 Raman Spectroscopy  
Raman spectroscopy is a standard tool used in the characterization of carbon 
materials [67]. In this technique, a source of monochromatic light, usually a laser, is 
incident upon a material and interacts with its vibrational modes. This interaction results 
in Raman scattering where the energy of the incoming photon is shifted up or down.   
Modern Raman instruments are simple to operate, fast, and non-destructive to 
samples while allowing researchers to elucidate structural and electronic information 
about a material [68]. Raman spectra provide fingerprints that allow the identification of 
a material, and specifically for carbon materials, the technique allows the determination 
of the crystallite size, the defect concentration, the number of layers present in graphitic 
material and the presence of dopants [69–71].  
The most prominent features in the Raman fingerprint of graphitic samples are the 
G, D and 2D bands. The G peak located at ~ 1580 cm-1 is activated by the stretching 
modes of carbon rings and is present in all sp2 hybridized carbon materials. The D peak, 
found at ~ 1350 cm-1, is produced via breathing modes of carbon rings and is only 
activated in the presence of defects. A schematic depicting the vibrational modes of these 
two peaks is shown in Figure 1-16. An additional defect activated peak, the D’ peak, 
sometimes appears at ~ 1620 cm-1 as a shoulder on the G peak. The 2D band appears at ~ 
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2700 cm-1 and is intense in the Raman fingerprint of highly crystalline graphitic 
materials. Although it is the second order of the D peak, its presence is not indicative of 




Figure 1-16. Motions of the atoms in graphitic materials that give rise to the D peak (left) and the 
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2 Porous Graphite Fabricated by Liquid Metal Dealloying of SiC 
2.1 Summary  
Porous graphite was prepared by dealloying SiC in molten germanium and then 
excavating the Ge phase.  The liquid metal dealloying (LMD) process was extended to 
non-metal precursors, demonstrating that carbide-derived carbons (CDCs) can be 
fabricated by this process. The dealloying depth, concentration profile, and length scale 
of the dealloyed microstructure were examined as they varied with immersion times and 
temperatures. The dealloying depth h varied with time as h ~ t1/2 and we also observed a 
build-up of Si concentration in the germanium near the dealloying interface. These 
observations are consistent with kinetics that are rate-limiting in the liquid germanium 
side of the moving interface. However, the measured activation barrier of 2.4 – 2.8 eV 
was too high to be consistent with diffusion in the liquid phase, so instead we propose a 
mechanism in which Si diffusion is impeded by unsaturated carbon bonds near the 
dealloying.   The porous graphite exhibited three-dimensional connectivity and a high 





Porous graphite is a versatile material with a wide range of applications. 
Depending on the details of its microstructure, its desirable properties include high 
specific surface area, good electrical conductivity, and relatively low cost. Such 
characteristics make it useful as molecular sieves [1], absorptive composites [2], filtration 
devices [3], and electrode materials in devices such as Li ion batteries [4,5] and 
capacitors [6]. Some traditional methods for synthesizing porous carbon materials 
involve high temperature catalytic or chemical activation and carbonization of a 
precursor [7–9]. While various methods of synthesizing porous carbon materials exist, 
producing interconnected material with tunable pore sizes, narrow feature size 
distribution, and a significant degree of graphitization has been a challenge. For these 
reasons, identifying new methods to transform carbon-containing materials into porous 
graphite is of significant scientific interest.  
Porous graphite synthesis from carbides is a well-studied field and a review of the 
topic can be found in Chapter 1.3. Carbide-derived carbons (CDCs) employ a direct 
transformation of a carbide (SiC, VC, TiC, etc.) to carbon using a variety of processing 
conditions that lead to differing properties and morphologies of the resulting material, 
including nanotubes, diamond, carbon onions, and porous carbon with varying pore sizes 
[10–13].  
Liquid metal dealloying is another, but less well-studied, technique previously 
used to fabricate nanoporous graphite. In its most general sense, dealloying is a 
processing technique wherein a homogenous non-porous alloy undergoes selective 
dissolution of one or more of its components under conditions where the remaining 
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component reorganizes itself into a three-dimensional bicontinuous porous structure.  As 
detailed in Chapter 1.4,  the length scale of the dealloyed microstructure is controlled 
dynamically, rather than being intrinsic to the parent alloy [14–17].  Furthermore, 
dealloying maintains the original grain structure of the parent materials because mass 
transport is primarily via interface diffusion; that is, there are no mechanisms by which to 
create defects such as grain boundaries. We shall see, however, that dealloying of SiC 
does not fall neatly into this category because mass re-organization of carbon is 
accompanied by simultaneous chemical changes. 
The structure of the resulting carbon material produced via either LMD or CDC 
formation can be affected by the carbon fraction of the precursor.  SiC and Ti3SiC2 
produce CDCs with varying porosities due to differences in the carbon fraction [18]. A 
similar phenomenon is found for the LMD of metals. Geslin et al. reported a wide range 
of porous Ta morphologies fabricated by dealloying TixTa1-x with varying phase fractions 
of the non-dissolving component, from the prototypical bicontinuous morphology at high 
Ta mole fractions (35 at.%) to a lamellar structure at intermediate concentrations (15 
at.%) [19]. Additionally, two distinct graphite morphologies were observed from the 
LMD of an Mn85C15 precursor that phase separated into Mn23C6 and -Mn, where the 
lower porosity material originated from the former phase [20]. We also suspect variations 
in the morphology of resultant carbon produced via LMD of metals and ceramics due to 
differences in crystal structure.  Since covalent bonding is directional and the crystal 
structure of the ceramic is less densely packed than its metallic counterparts, we can 
expect differences in the connectedness and morphologies of the porous materials 
produced when one of the components is extracted. 
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In this work, we demonstrate for the first time the LMD technique on a ceramic 
precursor, further adding to the set of materials systems amenable to dealloying. Porous 
graphite was fabricated by immersion of SiC in molten Ge, where Si was selectively 
dissolved from the precursor.  The system exhibits the thermodynamic requirements for 
dealloying; namely, carbon is insoluble in Ge while Si and Ge are miscible over their 
entire composition range both in the solid and liquid phases. However, compared to other 
dealloyed systems, SiC is unique being a covalently bonded stoichiometric precursor with 
a very high bond enthalpy and upon dealloying carbon transforms from an sp3 bonded 
network with Si to a highly crystalline sp2 bonded network without a further 
graphitization step; it is a kind of LMD with an additional chemical (structural) reaction 
at the metal/solid interface.  
Here we report the preparation and characterization of dealloyed research-grade 
4H-SiC single crystals. We also demonstrate that research grade 6H SiC and dummy 
grade 4H-SiC can also be successfully dealloyed. However, only research-grade 4H SiC 
was used to elucidate the kinetics of dealloying and this polymorph can be used as a 
prototype for the dealloying of other SiC crystal structures as well as other intermetallics 
(see Appendix A). We find that the SiC can be dealloyed in molten Ge to produce a 
carbon-Ge composite that retains the dimensions, though not the crystal orientation, of 
the parent material. We also find that the dealloying kinetics in this system exhibit most, 
but not all, of the characteristics of LMD in all-metal alloy systems.  For instance, the 
dealloying depth h slows down as a function of time t as h ~ t1/2, which is typical behavior 
in the LMD of metal containing alloys. Unlike conventional liquid metal dealloying, 
however, the crystal structure of the parent material is not preserved, and we transform 
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single crystal SiC to a polycrystalline graphitic network with a generally uniform length 
scale. Ge can be chemically etched from dealloyed SiC to expose the interconnected 
porous graphite film, and this material exhibits a characteristic pore size depending on the 
processing temperature.  
 
Figure 2-1. (a) Binary phase diagram of Si-C. (b) Binary phase diagram of Ge-Si showing 
miscibility over the entire composition range in solid and liquid phases. (c) Binary phase diagram 
of C-Ge effectively showing no solubility of C in Ge at temperatures below 1400 ℃. © ASM 
International.  
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2.3 Experimental Methods 
2.3.1 Liquid Metal Dealloying 
The dealloying process is depicted in Figure 2-2(a). Experiments were performed 
by submerging bulk SiC wafer pieces into molten Ge. The dealloying process was tested 
on research grade (micropipe density < 0.3 cm-2) 4H and 6H SiC and dummy grade 
(micropipe density < 25 cm-2)  4H SiC. The grade is indicative of the micropipe density 
of the material; micropipes are screw dislocations that propagate through the thickness of 
the SiC. The polytypes differ by stacking order; the stacking sequences for 4H and 6H are 
ABCB and ABCAB, respectively. To elucidate the kinetics of dealloying in this system, 
only the research grade 4H SiC was used, and we examined the dealloying depth, 
concentration profile and characteristic size of the dealloyed microstructure as they 
varied with immersion times and temperatures.  
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Figure 2-2. (a) Schematic diagram depicting dealloying process of single crystal SiC in molten Ge. 
Ge dissolves Si from the parent alloy, leaving behind a porous graphite network.  (b) Optical 
micrograph showing SiC with a dealloyed region. Ge, the dissolving medium, solidifies in the 
carbon pores upon termination of the dealloying process. A fully dense network of carbon with Ge 
solidified in its pores is shown. Dealloying generally starts preferentially on the Si-terminated face 
surface while the C-terminated surface remains unchanged.  
In a typical experiment, a 20 g mass of n-doped germanium (99.999 wt.% from 
Kurt J. Lesker) was inductively heated to fixed temperatures in a graphite crucible using 
a 4.5 kW Ambrell EkoHeat power supply. The chosen temperatures were 1200 oC (± 
25o), 1300 oC (± 20 oC) and 1430 oC (± 15 oC) and temperature measurements were made 
using an Ircon Modline 5 infrared camera with a Yokogawa controller.  All experiments 
were carried out under a flowing Ar atmosphere (99.999 at. %).  In a typical experiment, 
a single piece of research grade, n-doped SiC wafer (MSE Supplies) approx. 30 mm x 10 
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mm x 0.35 mm was immersed into molten Ge for varied times at the preset temperatures 
using a vacuum manipulator arm. Upon conclusion of each experiment, the sample was 
lifted out of the bath to initiate cooling and discontinue the dealloying process. 
Dealloying immersion times varied from 1 minute to 9 minutes, cooling of samples 
occurred on the order of one second, and we assume that dealloying terminated once the 
sample was pulled from the dealloying bath.  The result was a fully dense structure that 
consisted of porous graphite impregnated with a solid germanium/silicon composite.  
2.3.2  Characterization of As-Dealloyed SiC/Ge Samples 
Once prepared, dealloyed samples were mounted on their shortest dimension and 
polished through their cross-sections. A typical sample is shown in Figure 2-2(b). We 
observed that SiC preferentially dealloyed on the Si-terminated face (see Discussion), and 
the present work only investigates the kinetics of dealloying on this surface. In 
approximately 10% of the samples, no dealloying was observed and in 25% of 
experiments, the dealloyed interfaces were neither sharp nor continuous. We believe this 
variation was likely due to surface contamination [21]. Most samples displayed a sharp 
and straight interface for a minimum length of 500 m, and these samples were used for 
subsequent characterization.  A minimum of 20 measurements from different regions of a 
sample were averaged to determine dealloying depth.  Figure 2-3 depicts a typical cross-
section and corresponding dealloying depth measurements, assessed by measuring the 
length from the geometric surface of a sample to the planar dealloyed interface using 
ImageJ.  Average ligament diameters were determined using the AQUAMI software [22] 
on SEM micrographs. Compositional analysis as a function of depth was performed using 
energy dispersive spectroscopy (EDS).   
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Figure 2-3. Scanning electron microscopy (SEM) micrographs of SiC samples dealloyed in molten 
germanium at 1300 oC for different times. The dealloying front proceeds right to left from the 
geometric surface towards the sharp and flat dealloying interface. The dealloying region displays 
different contrast as the light phase is Ge rich and the dark phase is carbon. The two images on the 
left were taken at 850x magnification and the images on the right were taken at 800x magnification, 
but it can be observed that the dealloying depth increases with time.   
2.3.3  Excavation of the Pure Graphite Phase 
The Ge rich phase was dissolved in hot aqua regia for ~45 minutes and rinsed 
thoroughly in distilled water to excavate the pure carbon phase in the dealloyed samples. 
The structure of the resulting porous graphite was then analyzed using a Horiba LabRam 
Evolution Raman microscope with a 532 nm laser. A Thermo Scientific Helios G4 UC 
Focused Ion Beam/ Scanning Electron Microscope (FIBSEM) instrument equipped with 
an energy dispersive spectroscopy (EDS) detector was used to image the material and 
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prepare carbon samples for imaging using the Thermo Scientific TF30 Transmission 
Electron Microscope (TEM). 
Because bulk SiC wafers were used to obtain the kinetic parameters such as 
dealloying depth and ligament size, the form factor of the material we obtained after 
dealloying was a porous graphite film impregnated with solid Ge on the SiC surface. It 
was experimentally challenging to isolate a free-standing porous graphite membrane for 
further analysis.  As a method to produce large quantities of material suitable for 
functional analysis (such as BET surface area), we propose employing the use of SiC 
powder in future experiments that would circumvent this experimental limitation. 
2.4 Results and Discussion 
2.4.1  General Observations 
In conventional dealloying experiments, the surfaces of the material are 
chemically identical and therefore dealloy in an identical fashion under the same 
conditions. However, single crystal SiC is bipolar with a Si (0001) face and a C (0001̅) 
face and studies have reported markedly different chemical and physical properties of the 
two surfaces; for example, Kusunoki et al. found that after heating SiC at 1700oC in a 
vacuum, an aligned carbon nanotube film grew on the C face perpendicular to the surface 
while multiple graphene sheets formed on the Si face under the same conditions [23,24].  
In our experiments, we observed that the dealloying process is initiated more readily on 
the Si surface. This observation held especially at the lower dealloying temperatures; at 
higher processing temperatures, we more frequently observed the evolution of a porous 
carbon structure initiated on the C-terminated surface. We hypothesize that the high 
solubility of Si in Ge allowed for more effective wetting of the Si surface by Ge 
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compared to the C terminated face, facilitating the initiation of the dealloying reaction at 
the Si surface at lower temperatures.   
The dealloying interface (i.e., the boundary between the dealloyed and 
undealloyed material) was sharp, continuous and obvious, as is clear from Figure 2-4.  
Dealloying depth measurements from research grade 4H SiC were taken from dealloyed 
regions that had an interface length of 500 m or longer where, in comparison, the 
ligament size of the porous carbon was on the order of tens of micrometers or less. Upon 
termination of the experiment, polished cross-sections show Ge solidified in the pores of 
the carbon and the carbon phase clearly appearing as dark precipitates dispersed 
throughout the lighter Ge background when examined via optical and scanning electron 
microscopy. 
 Figure 2-4 also shows that various types of SiC can be dealloyed successfully and 
the resultant dealloying depths exhibited only slight variations for different types of SiC 
processed under identical experimental conditions. This observation implies that research 
grade 4H SiC can be used as a prototype to determine the kinetics of dealloying SiC and 
other intermetallics. The microstructures of the dealloyed regions for both the 4H and 6H 
research grade materials were similar.  However, the dealloyed microstructure of 4H 
dummy grade SiC exhibited three distinct regions of the evolved carbon particles; there 
was a stark gradation between the (i) fine feature sizes at the dealloyed interface and (ii) 
the adjacent area of larger carbon particles as well as (iii) another region of fine carbon 
particles near the geometric surface of the SiC. Therefore, micropipe density may 
influence the evolution of the dealloyed morphology, a phenomenon, however, that is out 
of the scope of this work. 
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Figure 2-4. Optical micrographs of various types of SiC dealloyed under identical experimental 
conditions: (left) 4H research grade, (middle) 6H research grade and (right) 4H dummy grade. 
2.4.2   Dealloying kinetics and morphological evolution in SiC-Ge.   
In order to discuss our observations regarding the dealloying kinetics of SiC in 
Ge, it is useful first to review the kinetic response during LMD to that of electrochemical 
dealloying (ECD), the latter of which uses an electrolyte to induce selective dissolution, 
in order to compare the behavior of SiC dealloying to both.   
LMD and ECD are both corrosion processes that result in a bicontinuous 
microstructure, and a detailed comparison/contrast between the two techniques has been 
reviewed by McCue et al. [25].  Notable points for comparison between the methods are 
the rate-limiting kinetics and the solubility of the remaining component in the bath.  In 
the systems examined to date, LMD exhibits a dealloying depth increasing with time as 
t1/2, with a corresponding decrease in the interface velocity as the dealloyed front 
penetrates into the sample.  In the Ti/Ta system dealloyed in molten copper, these 
observations were quantitatively consistent with diffusion-limited transport of Ti through 
the molten copper in the pores formed behind the moving dealloying front.  In contrast, 
the dealloying depth in ECD shows a constant velocity [26], which indicates that the 
dealloying kinetics are limited by the interface dissolution reaction.  The diffusion rates 
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of the removed material in the liquid dissolution medium in both cases are similar, with 
diffusion coefficients of approximately 10-6 cm2/s, so the difference in kinetics is 
primarily manifested in the interface velocity. Consistent with rate limiting behavior, for 
LMD, the dealloyed front typically advances at a velocity of order 1 m/s, whereas in 
ECD, the interface velocity is of order 0.01 m/s.  Diffusion limited transport in LMD 
leads to a significant concentration (> 10 at. %) of the dissolved species in the liquid 
medium near the dealloyed interface within the porous layer that decays toward the 
geometric surface of the sample.  
The kinetic behavior of SiC exhibits characteristics of both LMD and ECD.  
Figure 2-5 (a) shows the dealloying depth h as a function of time t for single crystal SiC 
at three different temperatures: 1200 oC, 1300 oC and 1400 oC. The dealloying depth h vs. 
t1/2 is plotted in Figure 2-5(b). Similar to observations of dealloying of metallic systems, 
dealloying depth h increases with temperature for fixed dealloying time t and appears to 
vary as a power law relationship with time consistent with diffusion-limited kinetics, i.e., 
h ~ t1/2. We were unable to find a value in the literature for the diffusivity of Si in molten 
Ge, so we assumed that, because both Si and Ge are Group IV elements, they are 
chemically similar and exhibit comparable diffusion behavior [27]. We, therefore, 
estimate the diffusion coefficient of Si in liquid Ge to be on the order of 10-4 cm2/s  based 
on the reported value for the self-diffusion coefficient of Ge in molten Ge as 1.8 x 10-4 
cm2/s at 1246 oC [28]. We find experimentally that the interface velocity in this system is 
of order of 0.1 μm/s. Compared to typical ECD and LMD systems, diffusion of Si in the 
germanium bath is approximately 2 orders of magnitude faster than in either ECD and 
LMD, while the interface velocities lie in-between typical values for the two processes.  
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Because diffusion is relatively fast compared to the interface velocity, we found it 
surprising that the interface velocity exhibited apparent diffusion limited kinetics (i.e., 
slowed down with dealloying depth).  
 
Figure 2-5. (a) Plot of dealloying depth h vs. time t measured at 1200 ℃ (blue, squares), 1300 ℃ 
(yellow, diamonds) and 1400 ℃ (green, triangles). (b) Plot of dealloying depth vs.  t1/2 .  Dealloying 
depth increased with increasing temperature and appeared to follow a power-law relationship with 
time. The error bars represent one standard deviation. 
To examine the origin of rate-limiting behavior in more detail, we extracted the 
activation barrier associated with dealloying from our data collapse following the 
methodology outlined in Reference [29].  If there is an activated process controlling the 
dealloying kinetics, then dimensional analysis requires that any function such as the 
dealloying depth h must have the functional form h(kt), where the Arrhenius rate constant 
is 𝑘~ 𝑒𝑥𝑝(−𝐸𝑎 𝑘𝐵𝑇⁄ ); 𝑘𝐵 is Boltzmann’s constant, T is the dealloying temperature and 
Ea is the activation barrier. To find Ea, we plotted h(t) vs. scaled time  𝑡 = 𝑡 ∙
𝑒𝑥𝑝 (− 𝐸𝑎 𝑘𝐵𝑇)⁄  and optimized for the best data collapse assuming that h(t) follows a 
simple power law relationship h(t) ~ tn;  Ea and n (and a constant prefactor) were 
determined by the least squares method.  
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The exponent n is determined by the rate-controlling process and when the 
dealloying depth is rate-limited by diffusion and an interfacial reaction, the exponent n is 
reported to be 0.5 and 1.0, respectively [30,31]. Forcing n = 0.5 yields a reasonable fit to 
the data collapse, as shown in Figure 2-6, for which Ea = 2.8 eV. The best data collapse 
using this approach, however, is achieved when n = 0.67 which yields a smaller 
activation energy, Ea = 2.4 eV. It should be noted; however, the data collapse is relatively 
insensitive to this value. Tsuda et al. [30] reported an exponent greater than 0.6 for the 
liquid metal dealloying of Ti2Cu and suggested that an interfacial reaction partly 
contributed to the rate-limiting process.  
Additionally, a value of Ea between 2.4 – 2.8 eV is unreasonably large for a liquid 
phase diffusion process.  For comparison, the activation energy for self-diffusion in 
molten Ge is only 0.16 eV [28].  Our measured value is closer to solid-state self-diffusion 
in Si-Ge, for which the activation barriers range from 2.9 – 3.5 eV depending on 
composition [36]. Lee et al. reported on the kinetics of carbide formation via the 
chlorination of SiC and observed a similar anomaly:  the CDC growth layer followed a 
power law relationship with time where n = ½, but the calculated Ea = 1.7 eV was too 
high to be consistent with gas phase diffusion in the pores. Instead, an alternative 
mechanism of transport was suggested where chlorine diffused as an adsorbent on the 
pore surfaces [33]. 
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Figure 2-6. Collapsed dealloying depth versus scaled time 𝑡′ = 𝑡 ⋅ 𝑒𝑥𝑝(−𝐸𝑎 𝑘𝐵𝑇⁄ ) for SiC for 
measurements taken at 1200 oC (blue, squares), 1300 oC (yellow, diamonds), and 1400 oC (green, 
triangles). Dashed line: fits to the data using the relationship ℎ(𝑡)~𝑡1/2. The values for Ea and the 
scaling exponent were determined as the values associated with best least-squares fit. 
We also examined the silicon concentration profile as it varied through the 
dealloyed region by direct measurement of the solidified Ge phase using EDS. As shown 
in Figure 1-7, we found that the Si concentration profile decays from the dealloying front, 
but the build-up of Si atoms only occurs in the first micrometer of a sample of a 
dealloyed region that extends to ca. 150 m for a sample dealloyed for 9 minutes at 1300 
℃.  In contrast, in the LMD concentration profile obtained by McCue in the Ti-Ta 
system, the Ti concentration only reached a near-zero concentration close to the 
geometric surface of the dealloyed sample [29].  We were also unable to fit the 
concentration decay to McCue’s model. For ECD, where the rate-limiting process is the 
interfacial reaction, the concentration of the leaving species in the liquid is expected to be 
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constant, so too is the dealloying velocity [26,29]. The observation that Si atoms 
accumulate only at the interface and then diffuse rapidly about 1 μm away from the 
interface deviates from expected behavior for both interfacial and diffusion rate-limited 
processes.   
Figure 2-7 also shows the concentration profile for a sample dealloyed at 5 
minutes; the Si concentration profile mimics that of the sample processed at a longer 
time. This behavior is consistent with steady-state diffusion where 𝑑𝐶
𝑑𝑡
= 0. Since we 
suspect an interfacial reaction is contributing to the rate-limiting behavior in the LMD of 
SiC, we make the reasonable assumption of steady state conditions, where the 
concentration of Si in the liquid at the interface and in the Ge bath is constant, ~ 0.5 at. % 
and 0 at. %, respectively, because the concentration of Si atoms supplied to the interface 
is constant and the concentration profile shown in Figure 2-7 indicates that virtually no Si 
is present outside of the interfacial region. 
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Figure 2-7. Si mole fraction versus distance away from the dealloying interface for SiC dealloyed 
in molten Ge at 1300 ℃ for 5 minutes (orange, squares) and 9 minutes (blue, circles). The 
dealloying interface is x = 0 and distance from the dealloying interface represents the liquid side of 
the interface. Unlike in conventional LMD, where there is a gradual decline of the dissolving 
component across the dealloyed region, the Si concentration declines rapidly to near 0 at. % within 
the first micrometer of the dealloyed region for both dealloying time periods shown. Solid line: 
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which, when evaluated at the boundary conditions described above, gives 
𝐶(𝑥) = 𝐶𝑎 𝑒𝑥𝑝 (−
𝑣𝑖
𝐷𝐿
𝑥′)  (4) 
Where 𝐶𝑎 is a prefactor and 𝑥′ is the distance ahead of the moving interface. The slopes 
of the dealloying depth vs. time plots shown in Figure 2-5(a) can be used to determine the 
interface velocity vi if it is assumed to vary linearly with time. For samples dealloyed at 
1300 ℃, vi is 0.3 μm/s. Using the least squares method 𝐶𝑎 and 𝐷𝐿were determined to be 
0.46 at. % and  1 𝑥 10−9 𝑐𝑚2/𝑠, and the fit using these values is shown by the solid line 
in Figure 2-7. The value for 𝐶𝑎 is conistent with the concentration of Si in the parent 
alloy which indicates that most of the Si atoms at the interface are dissolved. However, 
the value for the diffusivity of Si in the liquid at the interface is five orders of magnitude 
lower than expected for Si diffusion in molten Ge.  
The observations of (i) slow diffusivity of Si in the liquid relative to the interface 
velocity, (ii) fast diffusion of Si into the liquid outside of the 1 μm transition zone ahead 
of the interface, (iii) a high activation barrier associated with rate-controlling behavior 
and  (iv) a slowdown of the interface velocity with time, taken together, suggest that the 
mechanism of dealloying is complex. One possibility is a facile dissolution of a Si-C 
complex from the parent alloy that acts as a vehicle transporting C atoms to growing 
graphite clusters. This coupled species dissociates over approximately the first micron of 
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the liquid, freeing Si to diffuse into the molten Ge quickly. A second possibility is that as 
carbon reorganizes from the sp3 configuration in SiC to sp2 hybridized graphite, there is a 
transition zone in which a high number of C-dangling bonds act as transient points of 
attachment for  Si, significantly slowing down diffusion within this zone.  Such novel 
chemical-limiting steps in dealloying kinetics may be unique to systems such as SiC, 
where the hybridization of carbon changes during dealloying. 
We briefly compare the kinetic response of carbon fabricated by LMD and 
halogenation, a conventional CDC preparation method. In 2001, Ersoy and colleagues 
reported a linear growth rate for porous carbon films produced via halogenation of 
sintered SiC at 1000 oC [34]. Similarly to ECD, this relationship indicates an interface-
limited reaction, where in the case of the CDC, the controlling factor of the reaction was 
not diffusion of the reactant species through the growing carbon film. The composition of 
the mixture affected the linear rate constant, but as an example, the linear rate constant 
for a chlorine-hydrogen environment was 0.03 m/min. However, Lee et al. 
demonstrated faster kinetics and a diffusion-limited process for CDC growth in the same 
temperature range as Ersoy’s study but attributed the conflict to differences in 
experimental setup and procedures [33]. Regardless, the reaction kinetics described in 
both the interface and diffusion limited CDC growth processes are significantly slower 
than in LMD.  According to Lee’s study, growth of a 250 m graphite film would take 
almost 20 hours at 1000 oC (interface velocity of 0.2 m/min). In the LMD process 
described in this work, the processing time to grow a porous graphite layer of equal 
thickness is only 3 minutes at 1200 oC (interface velocity of 88 m/min).  
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2.4.3   Ligament morphology and size  
Figure 2-8(a) shows representative SEM micrographs of polished, cross-sectioned 
samples dealloyed at different temperatures.  In each micrograph, the dark phase is 
carbon, and the light phase is solidified germanium.  For samples dealloyed at 1200 oC, 
the carbon phase presents as randomly oriented elongated spines with a high degree of 
interconnectedness. For samples dealloyed at 1300 oC, the carbon appears as circular 
particles aligned normal to the dealloying direction with much less interconnectivity. At 
the highest temperature examined, the anisotropy is reduced, and the morphology 
consists primarily of disconnected circular structures interspersed in the Ge matrix. Even 
when the Ge phase was dissolved, the porous carbon appears as randomly oriented 
individual flakes and clusters of flakes on the surface (see Figure 2-9) as opposed to a 
porous network. It is interesting to note that although the material does not appear to 
contain a high degree of interconnectivity in the SEM micrographs, the porous graphite 
was mechanically robust, surviving the vigorous etching and rinsing process while still 
retaining the dimensions of the parent dealloyed zone.  The TEM images (Figure 2-10) of 
porous graphite processed at the highest temperature, 1400oC, explain the inconsistency. 
The material consists of a network of ligaments that extend three-dimensionally; the 
ligaments are comprised of a series of overlapping graphite crystals that act as nodes 
from which elongated crystals branch. These ~1 m long spokes connect various hubs; 
the result is a robust network that extends throughout the bulk of the material to form a 
topologically connected porous structure that we were unable to visualize with SEM.  
We used the Aquami software on images of the porous graphite-germanium 
composite produced after dealloying (see Figure 2-8(a)) to quantify the ligament sizes 
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and an explanation of the detailed methods used in the digital image analysis can be 
found in Reference [22]. The ligament morphology of dealloyed SiC differs from those 
produced in conventional dealloying, but in a general sense, the relationship between 
ligament length scale and temperature is maintained, as shown in Figure 2-8(b). 
Specifically, the ligament length scale grows with increasing temperature. Looked at in 
detail, however, there is an interesting discrepancy associated with the remaining 
component being carbon.  Sieradzki, McCue, et al. determined that ligament diameter 
scales with “inverse homologous temperature,” Tm/Tdealloy, for both LMD and ECD 
[25,35]. A plot showing this relationship is depicted in Figure 2-8(c), where data from the 
present work is also shown for comparison. Since graphite does not melt at atmospheric 
pressure, its sublimation point, 3642 oC, was used to calculate the inverse homologous 
temperature. While we do observe an increase in ligament length scaled with inverse 
homologous dealloying temperature, our work does not fall on the expected universal 
trend for LMD and ECD. We attribute this discrepancy to two factors: (i)  the substitution 
of melting point with sublimation point and (ii) time-dependent coarsening. 
Using images from Reference [20], we calculated ligament diameters of the 
porous graphite produced by LMD of a Mn-C precursor at 800 oC to be approximately 
0.2 m. In comparison, our samples processed at the lowest temperature (1200 oC) 
developed ligament diameters less than 0.5 μm. We posit that by reducing the processing 
temperature even further, we can evolve a material with even higher porosity. We 
mentioned earlier in the manuscript that we observed limited wetting of the SiC by the 
liquid metal at temperatures lower than 1200 oC, but the literature suggests that we can 
alter the composition of the Ge bath to improve the surface attraction between the 
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materials [36], allowing us to probe even lower temperature ranges in the future.  
 
Figure 2-8. (a) SEM micrographs depicting ligament size increase with increasing temperature. 
Variation in ligament morphology is also observed with a higher degree of interconnectedness at 
the lowest experimental temperature, coalesced graphite particles aligned perpendicular to the 
dealloying direction at 1300 oC, and larger circular particles at the highest temperature.  (b) 
Ligament diameter versus processing temperature for dealloying SiC. Length scales increase at 
higher temperatures. (c) Trend in ligament diameter versus inverse homologous temperature 
(Tm/Tdealloy) for electrochemical dealloying and liquid metal dealloying at different times, shown as 
grey triangles for metal systems (adapted with permission from reference [25]. Error bars represent 
one standard deviation. For comparison, the trend between ligament diameter and inverse 
homologous temperature for SiC (Tsublimation/Tdealloy) is shown as green squares. Error bars lie within 
the data markers. 
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Figure 2-9. (a) SEM micrograph of porous graphite produced by dealloying at 1400 oC. (b) SEM 
micrograph of a cross-section of SiC dealloyed at 1300 oC. The morphology of the porous graphite 




Figure 2-10. TEM images of a SiC sample dealloyed in molten Ge at 1400oC after etching in aqua 
regia to remove solidified Ge from pores. Images depict highly interconnected porous graphite. 
(Inset) selected area electron diffraction shows that the graphite is polycrystalline.  
Due to decreased surface mobility, materials with higher melting points produce 
smaller ligaments after dealloying. Once dealloyed, the material behind the dissolution 
front often coarsens, and this is the reason larger ligament sizes are seen at higher 
temperatures. As already discussed in Chapter 1.4.2, coarsening is driven by two surface-
diffusion mediated processes with a t1/4 dependence: capillary effects and genus-reduction 
events. The driving force in the former is a reduction of surface area where there is mass 
transport from regions of high to regions of low curvature. The latter is driven by 
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Rayleigh instabilities where ligaments pinch off to reduce the genus or number of handles 
on a ligament [37].  In metal systems, experiments show a significant gradient of 
coarsening within a single sample; the ligament size varies by almost three orders of 
magnitude across the dealloyed depth. Gaskey et al. developed a model to describe the 
observed phenomenon [38]. They explain that coarsening in nanoporous metals is 
dominated by an attachment-mediated Ostwald ripening process that is facilitated by the 
solubility of the remaining component into the melt. In contrast, the feature sizes in our 
experiments are – for the most part – uniform across the dealloyed region at lower 
dealloying temperatures, indicating essentially zero carbon interface mobility (and 
consistent with the consolidation of the carbon network near the dealloying front). 
However, at 1300 oC, we sometimes observed regions with an abrupt size increase and a 
transition from a filamentous to a large-scale morphology near the surface of the sample 




Figure 2-11. SEM micrograph showing anomalous carbon structures with larger feature sizes near 
the geometric surface of the sample during LMD at 1300oC. There is a 25 μm region on the surface 
where the carbon ligaments appear > 5μm in diameter, but the rest of the sample shows uniform 
particle size up to the dealloyed interface.  
2.4.4  Raman spectroscopy of porous graphite 
The Ge rich phase of dealloyed SiC was chemically etched in hot aqua regia, and 
the presence of porous carbon was confirmed via EDS analysis, selected area electron 
diffraction, and Raman spectroscopy. The Raman fingerprint of graphite-related material 
exhibit three prominent peaks: the G band (~ 1580 cm-1), D (~1350 cm-1), and the 2D 
band (~2700 cm-1). The G peak is activated by sp2 carbon networks and is therefore 
always present in the Raman fingerprint of any graphitic material, along with the 2D 
band which corresponds to a high energy second order-process and is always observed in 
the fingerprint. The D band and the D’ band (1620 cm-1) are defect activated peaks and 
are weak in the Raman spectra of graphite with low defect concentrations [39–41]. The 
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ratio of intensity between the D and G peaks, the I(D)/I(G) ratio, can provide information 
about the crystal size and the defect density in the material where this ratio is inversely 
proportional to the crystal size, LA [39]. The shape of the 2D band and the I(2D)/I(G) ratio 
can be used to identify the number of graphene layers [42]. Figure 2-12 demonstrates a 
typical Raman spectrum of the material prepared at 1400 oC. The Raman features shown 
in the present work are similar to those reported for nanocrystalline graphite [41], that is, 
graphite that consists of small, randomly oriented crystallites in which the many grain 
boundaries and edges strongly activate the defect peaks. To evaluate the effect of the Ge 
removal on the graphite pores, Raman analysis was performed on the material before and 
after Ge etching, which is also depicted in Figure 2-12. We observed G band broadening 
by 6 cm-1 and a stiffening of peaks after Ge removal, where the G peak shifted by 5 cm-1. 
Such small changes in the peaks are consistent with strain and doping by metals, which 
are known to influence the Raman spectrum of graphene and graphite [43–45]. However, 
the I(D)/I(G) and I(2D)/I(G) ratios remain relatively unchanged, indicating that no 
significant change in the graphite structure occurred during the corrosion of Ge in aqua 
regia.   
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Figure 2-12. Raman spectra of the porous graphite before and after the Ge phase was etched from 
the pores. The Raman fingerprint exhibits characteristics features of nanographite. The very low 
intensity peaks between 1700 cm-1 and 2600 cm-1 were activated by the epoxy sample mount.  
 
We also analyzed the Raman spectra of graphite produced by dealloying at 
different processing temperatures, and the results are shown in Figure 2-13 and 
summarized in Table 2-1. The full width at half maximum (FWHM) of the G peak 
broadens due to disorder [46], and we observe a nominal decrease in the FHWM-G for 
graphite fabricated by dealloying at cooler temperatures. The crystallite size, LA, was 
computed using the general equation [41,47]: 









As expected, we observed an inverse relationship between processing temperature 
and I(D)/I(G) ratio, an indicator for crystallinity [18]. This trend suggests that we can 
tune the degree of disorder and crystallite size by varying the temperature.  
We compare the Raman features of porous graphite produced in this work to that 
of carbon black (Cabot Corporation). Despite its low surface area, carbon black’s 
moderate conductivity, low cost, and large pore volume make it an attractive material for 
electrocatalyst support in fuel cells and as a component of the cathode in lithium ion 
batteries [48]. However, scientists have been looking for carbon black substitutes that 
exhibit superior conductivity, crystallinity, and durability.  Since Yu reported decreased 
volume resistivity in the porous graphite material post-graphitization at high 
temperatures, we note the implied relationship that a lower I(D)/(I(G) ratio (higher 
crystallinity) indicates increased conductivity [20]. In this work, porous graphite 
synthesized from the LMD of SiC at 1200 oC had an I(D)/I(G) ratio of 0.41. In 
comparison, the measured I(D)/I(G) ratio of carbon black was 0.78,  whereas the 3D 
porous graphite produced via LMD in Yu’s work from a Mn-C precursor exhibited an 
I(D)/I(G) ratio of 0.46 only after a secondary high temperature graphitization step that 
involved heating the material at 1500 oC for 2 hours [20].   CDCs fabricated by 
halogenation are predominantly amorphous even in material prepared at temperatures 
over 1000 oC; for example, Ersoy reported I(D)/(I(G) ratios of  ~1 for CDCs fabricated 
by chlorination [13,34,49,50]. The as-prepared porous graphite fabricated in this study 
exhibited a high degree of crystallization compared to material prepared by other 
methods, which augurs well for its use in electrical devices. 
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Figure 2-13. Raman spectra of porous graphite processed at different dealloying temperatures. 
Table 2-1. Summary of properties of porous graphite processed under different conditions. 
 
1200 ℃  1300 ℃  1400 ℃  1400 ℃  
Ge in Pores 
Carbon 
Black 
I(D)/I(G) 0.41 0.36 0.34 0.33 0.78 
LA (nm) 46.7 53.9 57.4 58.9 24.6 
FWHM-G (cm-1) 21.3 21.0 20.2 26.2 51.8 
G Peak (cm-1) 1580.6 1580.7 1578.8 1574.1 1585.2 
2.5 Conclusion 
We report the fabrication of a porous network of graphite via the liquid metal 
dealloying (LMD) of a covalently bonded ceramic precursor, SiC, in molten germanium. 
This work focuses on the fundamental kinetics of a promising technique whereby 
mechanically robust and highly crystalline porous graphite can be produced.  Preparing 
porous graphite via the LMD of SiC provides an alternative and facile route of preparing 
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a CDC with uniform morphology, tunable ligament sizes with narrow size distributions, 
fast kinetics, and low defect density indicated by I(D)/I(G) ratios as low as 0.3. 
Furthermore, no additional annealing step is required to remove residual halogen 
adsorbents. With respect to dealloying generally, our process expands the set of systems 
suitable candidates for liquid metal dealloying. When compared to previous work on the 
fabrication of porous graphite via LMD, our as-prepared material exhibited greater 
uniformity and superior crystallinity, despite having larger pore sizes which we attribute 
to the higher processing temperatures.   
The kinetics of LMD of the non-metal containing SiC precursor was examined by 
varying the dealloying time and temperature, and the kinetics were compared to that of 
conventional dealloying and CDC processing. It was found that the interface velocity in 
the present work is much faster than in CDC formation via chlorination but slower than 
in conventional LMD. The concentration gradient of Si decayed away from the 
dealloying interface with slow diffusivity, but outside of a transition zone, the Si 
diffusivity in the liquid was rapid. The dealloying depth h appeared to vary with time as h 
~ t1/2, associated with rate-limiting diffusion away from the interface. However, the 
measured activation barrier of 2.4 – 2.8 eV is too high to be consistent with diffusion in 
the Ge melt, so instead, we propose a complex mechanism in which Si diffusion is 
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3 Carbon Transformations in Rapidly Solidified Nickel-Carbon 
Ribbon 
3.1 Summary 
We report the chemical and structural transformations of carbon in melt spun and 
annealed nickel-carbon ribbons. We attained metastable solid solubility of carbon in 
nickel ribbon by achieving a rapid solidification rate of up to 1.6 x 106 K/s. Excess 
carbon atoms were found to be dissolved in the nickel lattice causing up to 2% strain for 
an alloy spun at 80 m/s tangential wheel speeds. High temperature heat treatments led to 
precipitation of carbon from the nickel lattice on the ribbon free surfaces but also led to 
growth of spherical precipitates within the nickel matrix via bulk diffusion-driven 
Ostwald ripening.  
3.2 Introduction  
 The morphology of graphite precipitated from metallic melts has long been of 
scientific interest [1]. Cast iron, one of the world’s most industrially significant casting 
materials, contains ~ 2 - 7 wt.% carbon and its properties vary depending on the 
microstructure of the carbon precipitated within it. When the precipitated graphite is 
flake-shaped, cast iron exhibits good compressive strength but low ductility. “Ductile 
iron,” with improved mechanical properties, was discovered in the 1940s when 
researchers added small quantities of impurities to the melt that converted the graphite 
morphology from flakes to spheroids [2]. While flakes and spheroids are generally 
distributed within the bulk of cast iron, Kish graphite, which exhibits a foliated dendritic 
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structure, is formed from carbon atoms that segregate on the surface of carbon-saturated 
cast iron liquid as it cools [3,4]. 
The use of nickel and other metals as catalysts for the growth of graphitic materials 
has been under investigation since the 1970s. Derbyshire et al. [5] reported the 
crystallization of amorphous carbon (a-C) on Ni thin films and postulated a process of 
carbon dissolution into the metal followed by graphite precipitation on the surface upon 
cooling – the dissolution-precipitation mechanism. The discovery of graphene in 2004 [6] 
has led to a surge in studies investigating the synthesis of the novel material on metal 
substrates. As a result, the technique described by Derbyshire has been refined to 
fabricate single and multi-layer graphene via the conversion of solid carbon sources, such 
as polymers [7] or amorphous carbon [8–12] on Ni thin films via thermal annealing. 
Various mechanisms to explain the crystallization reaction have been proposed. While 
some researchers maintain the traditional dissolution-precipitation theory, Saenger et al. 
postulated metal induced crystallization as the mechanism for graphene synthesis [12], 
owing to the detection of the graphite (002) peak by in situ XRD during the heating stage, 
whereas one would expect the evolution of the graphite peak only during cooling for the 
dissolution-precipitation mechanism. Wensich et al. proffered another explanation 
involving surface diffusion at low temperatures (≤ 600 ℃) since bulk diffusion was an 
unlikely transport mechanism in the temperature ranges investigated [11]. Alternatively, 
Li and others [8] proposed a metal-induced layer exchange process, where the amorphous 
carbon and Ni exchanged positions in a Si-SiO2/ a-C/Ni sandwich structure to form 
graphene on the Ni free surface. Because no C remained in the newly formed SiO2/Ni 
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interface, the dissolution-precipitation mechanism was deemed inconsistent with the 
observation.  
 Researchers have also grown graphene and graphite nanocrystals by dissolving 
graphite powder in molten nickel and other metals at high temperatures, followed by 
carefully controlled cooling steps to facilitate the nucleation and growth of single or 
multiple layers of carbon atoms on the liquid surface [13–16]. Alternatively, one of the 
most well-studied methods to grow graphene is by chemical vapor deposition (CVD), 
whereby carbon-containing gaseous precursors are thermally decomposed on metal foils 
that catalyze the formation of the single layer of graphite [17]. In both methods, the 
mechanism of graphene formation is similar, namely, carbon dissolution into the 
substrate followed by precipitation on the surface [15].  
Yu et al. postulated that graphene formation on Ni foils via CVD involves the 
transport of vacancy-carbon complexes to grain boundaries and surfaces (which act as 
sinks), a process strongly dependent on the cooling technique [13]. They, therefore, 
studied the effect of different cooling rates on the growth of graphene corresponding to 
fast (20 K/s), medium (10 K/s) and slow (0.1 K/s) cooling rates on Ni substrates exposed 
to precursor hydrocarbon gas for a short time. At the slowest cooling rate, no graphene 
was observed because the carbon atoms had sufficient time to diffuse into the bulk metal, 
whereas the medium cooling rate resulted in the formation of few layer graphene. The 
fastest cooling rate resulted in graphite with a high concentration of defects as the 
quenching prevented the atoms from re-arranging into their equilibrium crystalline form. 
Huang and colleagues were also able to synthesize single and few-layer graphene using a 
rapid CVD technique and a cooling rate of 3 K/s [18].  
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In an attempt to develop a faster method than CVD to produce high quality 
graphene, Hu et al. examined rapid solidification via melt-spinning of nickel-carbon 
melts [19]. Invented by British scientists Strange and Pim in 1908, melt spinning has 
been used to manufacture sheets and ribbons of various metals [20]. In this process, a 
molten stream of metal impinges onto a spinning metal wheel and solidifies into a ribbon. 
Heat from the liquid is extracted via conduction through the wheel, leading to cooling 
rates that can exceed 106 K/s [21]. Compared to conventional solidification methods, 
rapid solidification techniques can produce microstructures with fine grains (even 
metallic glasses), extended solid solubility and metastable phases [22]. The primary 
application of this method has been the manufacture of metallic glasses for soft magnetic 
transformer cores and shape memory alloys [23–26]. 
 The work performed by Hu and others shows that melt spinning is also a viable 
method to produce graphene. In their study, nickel alloy ingots containing less than 5 at. 
% carbon were prepared, melted by RF induction heating, and ejected onto a copper 
wheel rotating at tangential surface speeds of 25 – 50 m/s. Meters-long ribbon, with 
thicknesses that varied between 50 – 200 μm were produced; the free surfaces were found 
to be encased in few-layer graphene. Our analysis of their data suggested a noteworthy 
observation, namely, that because the solubility of carbon in solid nickel is 2 at. % at the 
eutectic temperature, most of the precursor carbon did not segregate to the surface of the 
ribbon to form graphene. Because graphene is likely formed by bulk diffusion of carbon 
to the free surface, i.e., the usual mechanism, we surmised that most of the carbon was 
still uniformly dissolved in the matrix of nickel. If so, then rapid solidification presented 
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a new route to a metastable carbon-containing precursor, and that heat treatments could 
be used to control the microstructure of precipitated carbon in novel ways.  
In this chapter, we present a study of the morphological and chemical 
transformation that occurs when carbon is precipitated from melt spun nickel-carbon 
alloys. Overall, we find our hypothesis is justified – that melt-spun nickel carbon is 
indeed supersaturated with carbon, and that heat treatments can be used to control the 
precipitation kinetics.   
3.3 Experimental Methods  
3.3.1 Alloy Preparation  
Nickel-carbon alloy ingots were prepared by inductively melting the constituents in 
a water-cooled copper crucible using a 45 kW Ambrell Ekoheat ES induction system 
under a flowing Ar atmosphere. The precursor alloys used in the subsequent melt-
spinning experiments were (measured in at. %): Ni96C4, Ni92C8, Ni90C10, N88C12, where 
the constituent Ni (99.98 wt. %) was purchased from Kurt J. Lesker and graphite (99.995 
wt. %) from Sigma Aldrich.  
3.3.2 Melt Spinning   
The components of the melt spinner (Arcast Inc.) are shown in Figure 3-1 and are 
enclosed in a stainless steel vacuum chamber. The equipment consists of (i) a boron 
nitride crucible with a 3/64” diameter nozzle that was machined in-house (the crucible 
head was replaced every three runs or when the nozzle was abraded beyond repair), (ii) 
RF induction coils, and (iii) the copper wheel (300 mm diameter and 50 mm wide) that 
was water-cooled to 13 ℃ during experiments, and (iv) a collection tube for ribbon.  
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Figure 3-1. (a) Photograph showing major components of the melt spinning apparatus. (i) A typical 
boron nitride crucible that houses the pre-cast nickel carbon ingot is shown. (ii) RF coils surround 
the base of the crucible and are used to melt the ingot. The melt is ejected onto the surface of (iii) 
the water-cooled copper wheel and solidified into ribbon that is retrieved from (iv)  the collection 
tube. 
In a typical experiment, an approximately 20 g alloy ingot charge was inserted into 
the crucible, the chamber was evacuated and backfilled with purified argon to -10 psig. 
The charge was melted via RF induction heating using a 15 kW power supply and the 
temperature was monitored using a Dias Pyrospot DS 56 N pyrometer. The crucible was 
then lowered to a preset distance (about 1 mm) above the rotating wheel and the molten 
alloy was ejected via pressurized argon. The jet forms a melt pool on the cold copper 
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surface and solidifies into a ribbon that is typically several meters in length,  ~1-3 mm 
wide and with a thickness in the range of 20 – 50 μm, depending on experimental 
parameters. The wheel rotation rate was varied between 2500 and 5000 rpm, 
corresponding to a surface tangential speed of 40 – 80 m/s. Above 80 m/s, excessive 
sticking of the ribbon to the wheel occurred, a phenomenon discussed in detail by 
Liebermann and others [27,28]. Typically, the entire 20 g ingot was spun into ribbon 
within 5 seconds.  
Ribbon microstructures, plan view and cross-section, were investigated using 
Scanning Electron Microscopy (SEM) and Transmission Electron Microscopy (TEM). 
Composition analysis was performed using Energy Dispersive Spectroscopy (EDS) and 
phase analysis was conducted via X-ray Diffraction (XRD). The wheel was prepared 
between each run by polishing with silicon carbide sanding sheets of incrementally 
decreasing grit size, and because the literature concludes that the wheel speed is the most 
important parameter that affects the cooling rate [29], the ejection pressure and melt 
superheat were kept constant and only the wheel velocity was varied. 
A minimum of 3 ribbon samples were made under the same synthesis conditions. 
Selected samples were mounted longitudinally in epoxy, polished, and the microstructure 
of the ribbon cross-section was examined via SEM. Plan view SEM micrographs were 
obtained by mounting the ribbon horizontally on SEM stubs. Sections were removed via 
FIB in preparation for TEM imaging. Ribbon thicknesses were measured using a digital 
micrometer, and a minimum of 4 measurements were taken for each sample and 
averaged.  
88 
3.3.3 Thermal annealing of melt spun ribbon  
The melt-spun ribbons with varying carbon contents were annealed in a tube 
furnace under a flowing Ar atmosphere (99.999 %) at different temperatures: 400 ℃, 800 
℃, 1000 ℃  and 1200 ℃ for 60 minutes. To observe the effect of annealing time on the 
microstructure of the ribbon, Ni92C8 ribbon was annealed at 1000 ℃ for 1 minute, 30 
minutes and 240 minutes. After annealing, the ribbons in each of these experiments were 
cooled slowly at 0.06 K/s, from their respective annealing temperatures to room 
temperature. 
3.3.4 Characterization tools  
SEM imaging was performed using a Thermo Scientific Helios G4 UC Focused Ion 
Beam/ Scanning Electron Microscope (FIBSEM) instrument equipped with an energy 
dispersive spectroscopy (EDS) detector which was used for compositional analysis. The 
FIBSEM instrument was also used to prepare samples for imaging using the Thermo 
Scientific TF30 Transmission Electron Microscope (TEM). XRD was performed with a 
Bruker D8 Focus diffractometer with a CuKα source.  
3.4 Results and Discussion 
3.4.1 Microstructural evolution of melt-spun ribbon  
Conventional solidification typically proceeds at cooling rates lower than 100 K/s 
and generally results in phases and microstructures predicted by equilibrium 
thermodynamics [30]. However, melt spinning is a far-from-equilibrium cooling 
technique where solidification rates between 104 – 107 K/s are encountered [22]. As a 
result, phases and microstructures that are favored kinetically instead of 
thermodynamically may evolve. The Ni-C phase diagram is a simple eutectic with a 
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eutectic composition and temperature of Ni92C8 and 1326 oC, respectively, and a 
maximum solubility of carbon in the nickel phase of ~2 at. % at the eutectic temperature. 
Figure 3-2(a) shows a comparison of the microstructure of a Ni92C8 ingot conventionally 
cooled in an induction furnace and the cross-section of melt spun ribbon of the same 
composition. The lighter regions are the Ni-rich phase and the darker regions are carbon 
particles embedded in the metal. As expected, the conventionally cooled ingot shows a 
dendritic microstructure as well as visible carbon precipitates. In contrast, the melt-spun 
ribbon shows a featureless, uniform Ni phase with no visible carbon precipitation, 





Figure 3-2. (a) Micrographs depicting the difference in microstructure of Ni92C8 cast in an induction 
furnace and that of melt-spun ribbon of the same composition. A dendritic solidification 
microstructure with visible carbon precipitation in the nickel is seen in the ingot while a 
homogeneous single phase is observed for the melt-spun ribbon.  (b) Cross-section of Ni88C12 
ribbon showing a typical melt-spun microstructure. Carbon precipitates highlight the evolution of 
the grain structure from the ribbon surface that was in contact with the wheel to the ribbon free 
surface. 
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 In melt spinning, a molten alloy jet is ejected on a rotating metal wheel substrate to 
form a ribbon or strip. A melt puddle is formed on the substrate from which quenched 
ribbon is continually expelled. The wheel surface acts both as a heat sink and 
heterogenous nucleation site for the growth of solid phases. Typically, solidification 
begins in the form of fine, equiaxed crystals and extends laterally until the contact surface 
is covered. From this initial chill zone, columnar grains grow in the direction parallel to 
the thermal gradient, i.e., normal to the ribbon surface. In Ni alloys, the preferential 
growth direction of the columnar grains is the [100] direction [31]. With sufficient 
cooling rates, the early stage of columnar solidification is partitionless; that is, the 
solidification velocity is faster than the diffusion of solutes, which become trapped in the 
solid phase. The equilibrium partition coefficient k = cS /cL is generally less than unity but 
can approach k = 1 in rapid solidification processes [32], and the equilibrium solid 
solubility can be greatly exceeded. As the solidification front advances from the contact 
surface to the free surface, the latent heat of solidification is released, reducing the 
thermal gradient and the interface velocity. When solidification is no longer partitionless, 
the microstructure of the ribbon transitions into a cellular configuration with much larger 
grains.   
As shown in Figure 3-2(b), the solidification microstructure of Ni88C12 follows the 
expected behavior, transitioning from fine equiaxed crystals to columnar to larger cellular 
grains. As discussed below, most of the carbon is dissolved in the solidified nickel 
matrix; however, there is a small amount of carbon that segregates to grain boundaries, 
allowing the microstructural features to be highlighted.   
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Many experimental parameters affect the cooling rate, including the melt superheat, 
the ejection gas pressure, wheel material and its surface finish, and the wheel velocity. 
Increasing the wheel velocity increases the cooling rate due to improved thermal contact 
between the ribbon and the substrate, but also because it results in a decrease in ribbon 
thickness [30]. Thickness has been described as the most important feature of melt-spun 
ribbon that determines the cooling rate, where the average cooling rate increases 
approximately as the inverse square of ribbon thickness for ideal cooling [29,31,33]. The 
cooling rate is directly proportional to the wheel velocity and inversely to the square of 
ribbon thickness. 
 We investigated the relationship between wheel speed and ribbon thickness to 
determine the optimal conditions under which continuous, uniform, thin, rapidly 
solidified ribbons were produced. We kept constant the surface finish, melt superheat, 
and ejection pressure and varied only the wheel velocity and carbon content.  
Figure 3-3 shows this observed relationship, where ribbon thickness (h) decreases 
with wheel velocity (v) as 
 h ∝ k / v0.6         (1) 
where k is a constant. The experimentally derived exponent reported here is in close 
agreement with the equation derived by Gillen and colleagues [34]:  
h ∝ Q / v2n           (2)       
where Q is the volumetric flow rate and n is in the range 0.3 - 0.4. Specifically, n was 
found to be 0.35 for Ni-5wt%Al. Jones et al. proffered a slightly different variation of 
Gillen’s equation in which 
h ∝ Qn / vm         (3)    
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where n and m are typically 0.2 and 0.8, respectively [30] which is still in good 
agreement with the relationship reported in this work. Gillen also derived a linear 
equation relating wheel speed to cooling rate that is independent of other melt spinning 
experimental parameters and the alloy material:  
� = a4v         (4) 
where � is the cooling rate and a4 is a constant of proportionality equal to 1.2 𝓍 104 K/s. 
Using Eq. (4), we estimate the cooling rates achieved in the melt spinning of nickel-
carbon alloys in this work were in the range 9.6 𝓍 105 – 1.9 𝓍 106 K/s.  
 
Figure 3-3. Ribbon thickness (h) vs. tangential wheel velocity () for different carbon 
fractions: Ni containing 4 at. % C (purple, diamonds), 8 at. % C (blue, squares), 10 at. % 
C (green, triangles). 
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The effect of thermal annealing on the ribbon microstructure was also 
investigated. TEM images comparing as-prepared ribbon with ribbon annealed at 1000 
℃ is shown in Figure 3-4. The TEM micrograph of a sample before annealing shows a 
homogenous region of sub-micron sized Ni grains with no obvious carbon precipitates 
observable within the resolution of the image. In contrast, after annealing, Ni grains have 
grown and carbon precipitates are also evident; the polygonal outline of a graphite 
precipitate is shown in the inset.  
 
 
Figure 3-4.  TEM micrographs of Ni92C8 ribbon.  (a) Image taken before annealing show micron-
sized grains and no evidence of carbon precipitation. (b) Image of ribbon annealed at 1000 ℃ for 
1 hour show grain growth and the presence of large graphite particles (light particles) embedded in 
the Ni matrix (inset). 
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The evolution of the XRD patterns in response to annealing follows. The data 
labeled (i) in Figure 3-5(a) shows the diffraction pattern of melt spun pure Ni ribbon. The 
XRD pattern of as-spun Ni92C8 ribbon is also shown, labeled (ii). Compared to pure Ni, 
the (100) peak in this sample is shifted to smaller 2θ due to a 0.75% lattice expansion, 
consistent with supersaturation of carbon in the interstitial sites of the nickel lattice due to 
the high cooling rates. The XRD pattern of Ni92C8 ribbon was annealed at 1000 ℃ for 1 
hour is shown as (iii) and indicates the Ni lattice peak has returned to the unstrained 
position, indicating that the lattice strain is relieved during carbon precipitation. Details 
of annealing the nickel-carbon ribbon will be further discussed in Chapter 3.4.2. 
We also investigated the effect of wheel speed on the strain observed in the lattice 
spacings for Ni ribbon with increasing quantities of added graphite. As shown in Figure 
3-5(b), negligible strain was observed in the Ni96C4 ribbon at any wheel speed and the Ni 
dhkl remains virtually unchanged, indicating that a small quantity of carbon is easily 
accommodated by the Ni lattice. However, for Ni92C8 and Ni90C10 compositions, the dhkl 
values increase, corresponding to up to 2% strain in the as-spun ribbon. The increase in 
strain is proportional to an increase in wheel velocity, consistent with the notion that 
higher cooling rates lead to higher supersaturation.  
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Figure 3-5. (a) XRD patterns showing the effect of annealing on the Ni peak positions in 
melt-spun ribbon prepared under the same conditions. (i) Shows unstrained Ni (111) peak. 
(ii) Shows a Ni (111) peak shift to a smaller 2θ indicating lattice expansion. The peak 
shoulder is the Kα2 peak. (iii) Shows that annealing relieves the lattice strain. (b)  Plot of 
lattice spacings in melt spun Ni-C ribbon with different carbon fractions as a function of 
tangential wheel velocity: Ni containing 4 at. % C (purple diamonds), 8 at. % C (blue 
squares), 10 at. % C (green triangles). Little to no change in dhkl is observed for ribbon 
containing 4 at.% C indicating minimal strain, but for material with higher carbon fractions, 
dhkl increases monotonically with wheel velocity, indicating increasing amounts of 
saturation of the Ni lattice with carbon.  
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3.4.2 The effect of annealing temperature and time on carbon precipitation 
To re-iterate, as-spun ribbons generally accommodated a great deal of 
supersaturated carbon.  However, as Figure 3-2(b) shows, we commonly observed some 
carbon precipitation at Ni grain boundaries, with a few ribbons containing regions where 
this segregation did not occur; the ribbon appeared as uniform and featureless within the 
resolution of the scanning electron microscope, such as shown in Figure 3-2(a). After 
annealing, however, C precipitates were uniformly dispersed throughout the matrix, no 
longer distinctly outlining Ni grains. 
 We now turn to the question of the morphological evolution of carbon 
precipitated from the ribbons which coarsen as a result of a thermal anneal. It seems 
reasonable to consider that growth of precipitates is controlled by an 
evaporation/condensation mechanism wherein carbon atoms dissolve from precipitates, 
diffuse down chemical potential gradients through the bulk of the nickel matrix, and re-
attach to other precipitates. To date, we know of no study that suggests whether the rate 
limiting step in the nickel-carbon system is bulk diffusion or attachment/detachment at 
precipitates, and the situation is made more complex here by the presence of grain 
boundaries and surfaces that may act as short-circuit diffusion pathways. We emphasize 
that a coarsening study of precipitates embedded in a nickel matrix is fundamentally 
different than a study of graphitization of particles excavated from carbon, as 
graphitization does not generally involve long-range transport of carbon atoms. 
The temporal evolution of carbon coarsening in Ni92C8 ribbon was first examined 
by performing 1000 ℃ isothermal heat treatments at varying times: 1 minute, 30 minutes, 
60 minutes and 240 minutes. This step was followed by cooling and cross-sectioning for 
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microscopy; the cooling rate was kept constant for all experiments. Figure 3-6(a) shows 
micrographs of the carbon precipitates at annealing times up to 4 hours. It is clear that the 
average particle size has grown from initially submicron particles to particle sizes as 
large as 5 m after the 4 hour anneal. Generally, precipitate coarsening is governed by 
the power law d ∝ tn, where d is the average precipitate size, t is the annealing time and 
n is an exponent that varies depending on the coarsening mechanism. The Lifshitz-
Slyozof-Wagner (LSW) theory of Ostwald ripening [35,36] models the kinetics of 
precipitate growth from supersaturated solid solutions and is often referenced in the 
literature to describe the coarsening mechanism in rapidly solidified materials [37–39]. 
LSW theory predicts that n = 1/3 for diffusion-limited coarsening [40,41]. A plot of mean 
particle size vs. annealing time is shown in Figure 3-6(b), with an n = 1/3 power law 
relationship shown by a dashed line, showing good agreement between the data and 
model.   
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Figure 3-6. (a) SEM micrographs showing growth of carbon precipitates in Ni92C8 ribbon annealed 
at 1000 ℃ for increasing times. (b) Log-Log plot of mean particle size as a function of time. The 
dashed line shows a power law fit with n = 1/3.  
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To further elucidate the mechanism of precipitate coarsening, ribbons were 
examined after a fixed annealing time but at multiple annealing temperatures and carbon 
content. Micrographs of representative samples are shown in Figure 3-7(a). An increase 
in the annealing temperature led to an increase in the size of the carbon precipitates and a 
reduction in the number density of precipitates. Regardless of the mechanism dominating 
coarsening, the average particle size should be proportional to a kinetic factor exhibiting 
Arrhenius kinetics, either diffusion coefficient D in diffusion-limited kinetics or an 
attachment/detachment rate kd, and the particle size data for the annealing temperature 
range of 800 – 1200 ℃ plotted in Figure 3-7(b) does indeed exhibit Arrhenius type 
behavior. The activation barrier, 1.43 eV, is consistent with other measurements of 
carbon diffusion in Ni above 600 ℃, which was found to be in the range 1.42 – 1.52 eV 
[42]. At temperatures below 550 ℃, Wenisch [11] observed surface diffusion is the 
primary mechanism of carbon transport on Ni but hypothesized that bulk diffusion rates 
would reach comparable values at the higher temperatures reported in this manuscript. 
Weatherup [43] noted that for an increase in growth temperature from 300 – 600 ℃, 
there is a more than five orders of magnitude increase in the lattice diffusivity of carbon 
in Ni but pointed out grain boundary and surface diffusion would also be greatly 
increased.    
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Figure 3-7. (a) Microstructural variation of melt-spun Ni-C ribbon (cross-section) with varying 
carbon content and annealed at different temperatures. Scale bars are 5 μm. (b) Plot of average 
carbon particle size in ribbon vs. annealing temperature for Ni-C ribbon of varying carbon fractions: 
Ni containing 8 at. % C (dark blue squares), 10 at. % C (green triangles) and 12 at.% C (light blue 
diamonds).  The activation energy of 1.43 eV is consistent with bulk diffusion of carbon in Ni. 
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3.5 Conclusions 
We report the ability to melt spin nickel-carbon alloys with a carbon fraction up to 
12 at. % using a water-cooled copper roller rotating at speeds between 40 to 80 m/s. 
Extended solubility of carbon in the Ni was confirmed by measuring Ni lattice strain 
using X-ray diffraction. High temperature heat treatments led to precipitation of carbon 
from the nickel lattice on the ribbon free surfaces but also led to the subsequent growth of 
the precipitates within the nickel matrix via bulk diffusion-driven Ostwald ripening. 
ribbon produced thick graphite flakes from carbon material precipitated on the surfaces of 
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4 Microstructural Evolution of Freestanding Carbon from Rapidly 
Solidified Nickel-Carbon Ribbon 
4.1 Summary 
We report the chemical and structural transformations of freestanding carbon 
excavated from melt spun nickel-carbon ribbon by chemical dissolution of the metal in 
acid. We found that the microstructure of carbon precipitated from the rapidly quenched 
ribbon could be tuned by varying the carbon content from 4 – 12 at. % in the precursor 
and annealing the ribbon at temperatures that ranged from 400 – 1200 ℃. Via the step-
wise variation of these two parameters, we sequentially transformed amorphous carbon 
nanospheres with a high BET surface area of 203.4 m2/g into thick, highly crystalline 
flakes of graphite that conformed to the shape of the as-spun ribbon.   
4.2 Introduction  
 In the previous chapter, we reported the ability to melt spin nickel-carbon alloys 
with a carbon fraction up to 12 at. % using a water-cooled copper roller rotating at speeds 
between 40 to 80 m/s. We also examined the precipitation kinetics of carbon within 
rapidly solidified nickel-carbon ribbons. In this chapter, we present a study of the 
morphological and chemical transformation of the freestanding carbon that is produced 
when the Ni from melt spun ribbon is dissolved in acid.  A variety of carbon 
morphologies can be produced by varying the initial carbon content and annealing 
temperature. Depending on processing conditions, carbon excavated from as-spun Ni-C 
ribbon was found to contain amorphous nanospheres. By increasing the carbon content in 
the precursor and performing heat treatments on the ribbon after melt spinning, we 
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achieved multiple and step-wise conversions of the carbon microstructure to acquire 
highly crystalline, thick flakes of graphite whose dimensions matched that of the 
precursor ribbons. 
4.3 Experimental Methods  
The methods of alloy preparation, melt spinning, and thermal annealing of melt 
spun ribbon are described in Chapter 3.3.  
4.3.1 Dissolution of metal phase to excavate carbon material  
Metal-carbon ribbons were immersed in 5 M HCl solution at room temperature to 
remove the metal phase and excavate carbon in the ribbon. The acid was filtered off using 
a Millipore filter (pore size 1 m) and the remaining carbon material was washed with 
deionized water until neutral. Carbon samples were dispersed in water via sonication and 
drop cast onto grids in preparation for TEM imaging. Carbon materials were also 
characterized using SEM, EDS, and Raman spectroscopy. 
4.3.2 Characterization tools  
SEM imaging was performed using a Thermo Scientific Helios G4 UC Focused Ion 
Beam/ Scanning Electron Microscope (FIBSEM) instrument equipped with an energy 
dispersive spectroscopy (EDS) detector which was used for compositional analysis. 
Carbon samples were also imaged using the Thermo Scientific TF30 Transmission 
Electron Microscope (TEM). Raman spectroscopy was carried out using a Horiba 
LabRam Evolution Raman microscope with a 532 nm laser line and a 100 μm spot size. 
3-point BET surface area measurements were performed commercially using a 
Micrometrics TriStar II 3020 instrument.  
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4.4 Results and Discussion 
4.4.1 The microstructural evolution of freestanding carbon   
Here we focus on the structure of the carbon materials excavated from nickel-
carbon alloys by chemical dissolution of the metal in hydrochloric acid. Figure 4-1 
summarizes the evolution of the carbon microstructure as a function of annealing 
temperature and the carbon content in the precursor ribbon. Carbon obtained from as-
spun Ni-C ribbon with a low carbon content exists as amorphous spheres. By increasing 
the ribbon annealing temperature, the morphology of the freestanding carbon transformed 
into high aspect carbon flakes. Figure 4-1 also shows that increasing the carbon content 
in the precursor ribbon is correlated with a conversion of the morphologies from 
nanospheres to flakes. By varying these two parameters, we can incrementally transform 
the microstructure of carbon synthesized by melt spinning Ni-C alloys. The mechanisms 
of these transformations are discussed in further detail in the subsequent sections.  
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Figure 4-1. Microstructural variation of carbon excavated from melt-spun ribbon annealed at 
different temperatures with varying precursor carbon contents. Scale bars are 4 μm. 
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4.4.2 Microstructure of precursor carbon material 
The structure of the commercially acquired graphite used in the precursor alloy 
was thick multi-layer flakes. This material was converted into spheroids and flakes when 
excavated from a nickel-carbon ingot prepared by induction melting and conventional 
cooling - structures that are typical of graphite precipitated from metallic melts. The 
transformation is shown in Figure 4-2 [1,2]. 
 
 
Figure 4-2. (Top) (a) and (b) Commercially prepared graphite used to prepare precursor Ni-C ingots 
for melt-spinning;  (Bottom) (c) and (d) Carbon flakes and spheroids collected by chemical 
dissolution of Ni from Ni-C ingots prepared by induction melting.   
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4.4.3 Microstructure of carbon excavated from as-spun ribbon 
Figure 4-3 shows the SEM micrographs of carbon obtained by the chemical 
etching of the Ni phase from as-prepared Ni92C8 melt-spun ribbon, i.e., without 
annealing. The most prevalent microstructure observed were sub-micron sized nodules 
that either existed as separate nanoparticles or a more complex morphology consisting of 
clusters of interconnected particles. The particle sizes are on the same order of magnitude 
as the precipitates found embedded in the nickel grain boundaries, so it is likely that is 
one location from which they originated. However, because the grain boundary 
precipitates cannot account for the quantity of carbon excavated in this case, it is 





Figure 4-3. Carbon etched from Ni92C8 melt-spun ribbon before annealing showing two types of 
morphologies  (a) Thin carbon flake comprised of clusters of nanometer sized carbon particles. (b) 
The structure shown in (a) is magnified. (c) A large carbon “slab” that is 10 μm thick and over 100 
μm long. (d) At higher magnification, the slab is observed to be comprised of clusters of 
interconnected submicron sized particles.  
 Also observed, but in lesser quantities, were thin flakes that were electron 
transparent to 15 kV. Since no plate-like structures were present within the cross-section 
of melt-spun ribbon, we postulate that observed carbon sheet precipitated at the ribbon 
surface, a finding that corroborates the results found by Hu et al. that graphene grows on 
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the surfaces of melt spun ribbon [3]. Moreover, owing to the high processing temperature 
used to melt the nickel-carbon alloy during melt spinning (> 1500 ℃) and the presence of 
precipitates embedded in the melt spun ribbon, the mechanism of graphene growth is 
most consistent with the dissolution-precipitation process observed in CVD and 
precipitation on the surface of a metallic melt. 
Raman spectroscopy was utilized to analyze the crystallinity of the fabricated 
material. The ratio of intensity of the D band to the G band, I(D)/I(G), provides 
information on the defect concentration and crystallize size in disordered graphite and on 
the size of aromatic clusters in amorphous carbon [3 - 6]. The carbon from as-spun ribbon 
exhibited characteristic features of amorphous carbon: broad G and D peaks and a low 
2D band intensity. The high I(D)/I(G)ratio of 0.9 is indicative of large aromatic clusters. 
The TEM micrograph shown in Figure 4-4 shows a comparison of carbon excavated from 
as-spun and annealed Ni92C8 ribbon. The top images show that the carbon nanoparticles 
etched from unannealed ribbon are ~100 nm in diameter and also confirm the low degree 
of crystallinity of carbon. The growth morphology attained under these experimental 
conditions most closely resembles carbon black or nano-graphite. In fact, the BET 
surface area for carbon obtained from as-spun (before annealing) rapidly solidified 
Ni92C8 ribbon was measured to be 203.4 m2/g, a value comparable to commercially 
prepared carbon blacks [7].  
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Figure 4-4. TEM micrographs of carbon from Ni92C8 ribbon before annealing showing amorphous 
sub-micron polygonal carbon spheres (top). After annealing at 1000 ℃ for one hour, the carbon 
particles became sized on the order of microns and exhibited a high degree of graphitic crystallinity 
(bottom).   
Increasing the carbon content in the ribbon resulted in an increased thickness of 
the graphite flakes; the growth front of graphene layers can clearly be identified on the 
surface, as shown in Figure 4-5(a). This observation indicates that controlling the carbon 
content of the precursor alloy may allow us to tune the number of layers of graphene 
produced, consistent with Hu’s observations [8]. 
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Figure 4-5. (a) Carbon from Ni88C12 melt spun ribbon before annealing showing growth front of 
graphene layers; (b) Carbon from Ni92C8 ribbon annealed at 1200 ℃ exhibiting the structure of 
Kish graphite.  
4.4.4 Microstructure of carbon from excavated from annealed ribbon  
The resultant microstructure of carbon embedded in the Ni matrix after ribbon 
annealing was shown in Figure 3-4; the TEM micrograph highlighted the polygonal 
outline of the graphite crystals, signaling the crystallization of carbon within the grains 
due to thermal treatment at 1000 ℃. Additionally, annealing nickel-carbon ribbon 
promoted the precipitation of graphite on the ribbon free surfaces, as depicted in Figure 
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4-6, where the plan view of Ni92C8 ribbon before and after annealing at 1000 ℃ is 
shown. This observation is consistent with a reduction in the density of carbon 
precipitates that speckle the interior of the ribbon, as well as the reduced quantity of 
nanospheres fabricated by excavating carbon from the ribbon. Instead, increasing the 
annealing temperature of the ribbon resulted in an increase in the prevalence of the high 
aspect ratio graphite flakes retrieved after etching the Ni matrix. Increasing the initial 
carbon content in the ribbon also led to the same observation: the samples that contained 
the highest atomic fraction of carbon (Ni88C12) and were annealed at 1000 ℃ for 1 hour 
produced carbon materials consisting of large graphite flakes, hundreds of microns wide 
(equal to the width of the ribbon) and about 1 μm thick, and almost devoid of spherical 
nodules. Interestingly, Ni92C8 ribbon at 1200 ℃, shown in Figure 4-5(b), exhibited the 
foliated dendrite structure characteristic of Kish graphite, providing further confirmation 




Figure 4-6.  Plan view of (top) as-spun Ni88C12 ribbon and (bottom) Ni88C12 ribbon annealed at 
1000 ℃ for 1 hour, showing the growth of carbon (black regions) on the surface post heat-
treatment.  The carbon appears to grow in two forms on the ribbon surface: (left) as striations 
through the Ni ribbon and (right) as a layer interspersed with Ni particles embedded in the surface.   
Raman characterization of the freestanding carbon microstructure as a function of 
ribbon annealing temperature is shown in Figure 4-7. Table I also outlines the effect of 
annealing on the Raman spectra of carbon obtained from melt spun ribbon. Annealing at 
400 ℃ has little effect on increasing the crystallinity of the carbon material compared to 
the sample that was not annealed, consistent with other reports that 400 ℃ is too low of a 
temperature to initiate significant graphitization [9]. However, corresponding to the 
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increase in annealing temperature, the I(D)/I(G) ratio decreased from 0.9 for carbon 
annealed at 400 ℃  to 0.3 for carbon annealed at 1000 ℃, indicating that the thermal 
treatments resulted in a reduction in defect density, increase in crystallite size, and 
ultimately, enhanced graphitization of the material. The I(2D)/I(G)  ratio also increased 
from 0.31 to 0.65, signaling a resultant increase in the number of graphene layers present 
in the material. Similar transformations of carbon from amorphous to crystalline by 
increasing the annealing temperature have been well documented in the literature [10-13]. 
The TEM micrograph in Figure 11 also shows the development of crystallinity in the 
material after annealing at 1000 ℃ where the annealed carbon exhibited a d-spacing of 
0.34 nm, which is consistent with the expected value of the interlayer spacing of graphite 
[14].  
 
Figure 4-7. Raman spectra showing increasing graphitization of carbon with increasing annealing 
temperatures. 
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Table 4-1. Summary of Raman spectrum properties of freestanding carbon etched from melt spun 
Ni92C8 ribbon annealed at different temperatures.  
  Before 
Anneal  






G peak (cm-1) 1569 1577 1571 1578 
I(D)/I(G) 0.88 0.92 0.57 0.34 
I(2D)/I(G)  0.31 0.31 0.39 0.65 
 
We postulate that supersaturation of the Ni lattice leads to carbon atoms being 
dispersed throughout the metal’s interstitial sites. When the rapidly solidified ribbon is 
immersed in acid and the carbon is liberated, there is little time and driving force to 
induce graphitization. As a result, the carbon lacks crystallinity and evolves as sub-
micron sized nodules – approximately the same shape and size as they were in the ribbon 
– where the amorphous spheres appeared brighter in the SEM micrograph. Annealing, 
however, allows for carbon diffusion, which led to growth and graphitization of flakes on 
the free surfaces of the ribbon.  
It is interesting to consider the utility of the carbon materials fabricated here in the 
context of carbon fiber manufacture. Carbon fiber usually consists of graphitic crystal 
threads a few microns in diameter, with a microstructure in which the graphene planes 
are aligned parallel to the axis of each thread so that the strong direction is along the axis 
of the thread. Nominally, the microstructure of carbons produced here is similar – 
microns-wide graphite sheets oriented with the strong axis in the plane of the ribbon. 
Although the length of the flakes produced here is much shorter than those in carbon 
fiber, it is easy to imagine that directional precipitation and crystal growth can be induced 
if the ribbons were to be pulled through a hot zone rather than homogeneously annealed, 
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and this should lead to very long graphite crystals. Assuming these may be spun into fiber 
with a suitable binder (we have not produced enough material to perform this test), this 
approach may be a more benign method to produce carbon fiber precursors from a life-
cycle approach, as it is well-known that carbon fiber produced from polymeric precursors 
is an energy and resource intensive process, leading to significant emissions during the 
oxidation and graphitization cycles at high temperature [15].  
4.5 Conclusions 
We report the ability to melt spin nickel-carbon alloys with a carbon fraction up to 
12 at. % using a water-cooled copper roller rotating at speeds between 40 to 80 m/s. From 
the rapidly solidified ribbon, carbon was excavated via chemical dissolution of the metal 
to reveal freestanding carbon materials. We evaluated changes in carbon microstructure 
as a function of precursor carbon content and annealing the Ni-C ribbon. We observed 
that the morphology of the carbon materials could be adjusted sequentially by varying 
these two experimental parameters. As-spun ribbon (undergoing no heat treatment) with a 
low carbon content will lead to the formation of high surface area amorphous carbon 
nanospheres and single or few-layer graphene. By increasing the carbon content and/or 
the annealing temperature, the quantity of nanospheres was decreased and replaced by 
graphite flakes. The thickness and crystallinity of these flakes can also be controlled by 
these experimental variables.  After a high temperature heat treatment at 1000 ℃, Ni88C12 
ribbon produced thick graphite flakes from carbon material precipitated on the surfaces of 
the ribbon.  
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5 Amorphous Carbon Foam Fabricated by Melt Spinning Iron-
Carbon Alloys  
5.1 Summary 
In this work, we report a novel and facile technique to produce a carbon foam 
with a honeycomb lattice architecture and uniform pore size. Melt spinning was used to 
fabricate rapidly solidified iron-carbon ribbon, from which the iron was removed via 
chemical dissolution to produce a freestanding carbon monolith. The resulting material 
from as-spun ribbon was freestanding carbon foam with hierarchical porosity; the sizes of 
the cells ranged from 2 – 5 μm, but the carbon walls that enclosed the cells contained 
nanometer sized pores. Annealing resulted in the disappearance of the submicron sized 
pores, but the open cell pore size remained unchanged by thermal treatment. Raman 
spectroscopy and TEM analysis revealed that the material consisted of amorphous carbon 
even after annealing and the BET surface area of the material was 4.5 m2/g.     
5.2 Introduction  
Three-dimensional porous carbon architectures exhibit desirable electrochemical, 
mechanical and microstructural properties that make such materials attractive candidates 
for use in a variety of applications: water decontamination and oil/water separation [1], 
water desalination [2], anode materials in sodium-ion batteries [3], cathodes in lithium 
ion batteries [4], electromagnetic interference shielding [5] and scaffolds for neural stem 
cells [6].  
Carbon foams, in particular, often exhibit a honeycomb pore structure, where the 
pores (or cells) are enclosed by carbon walls that are interconnected via struts [7]. There 
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are several reported fabrication methods of carbon foams; each route can produce pores 
of varying sizes that range from 100 nm to 1000 μm [3,7]. The direct drying of graphene 
oxide (GO) hydrogels is an example of a process to prepare graphene foams [8]. The GO 
is first prepared via the modified Hummer’s method. An aqueous suspension of GO 
nanosheets is then freeze-dried to form GO foams which are then subjected to high 
temperatures in a dry inert atmosphere to reduce material;  the result is a foam made of 
graphene. Carbon sponges have also been prepared by chemical vapor deposition (CVD) 
where, for example, CH4 gas was decomposed on a nickel foam template at 1050 ℃ and 
cooled slowly, facilitating precipitation of graphite on the Ni walls [4]. The nickel was 
then chemically etched in acid to liberate the freestanding carbon foam.   
In this work, we report a novel and facile method to synthesize a porous carbon 
material with a honeycomb lattice structure. Melt spinning was used to fabricate rapidly 
solidified iron-carbon ribbon, from which the iron was removed via chemical dissolution. 
The resulting material from as-spun ribbon was a freestanding carbon foam with 
hierarchical porosity; the sizes of the cells ranged from 2 – 5 μm, but the carbon walls 
that enclosed that the cells contained nanometer sized pores. When the melt-spun ribbon 
underwent heat treatment, the smaller pores consolidated to produce a porous carbon 
monolith with a honeycomb structure.  Raman spectroscopy and TEM analysis revealed 
that the material consisted of amorphous carbon even after annealing and the BET 
surface area of the material was 4.5 m2/g.     
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5.3 Experimental Methods  
5.3.1 Alloy Preparation  
Ingots of iron-carbon alloys (20 g) containing 83 at.% Fe (99.5 wt. % from Kurt J. 
Lesker) and 17 at. % graphite (99.995 wt. % from Sigma Aldrich) were prepared by 
inductively melting the constituents in a water-cooled copper crucible using a 45 kW 
Ambrell Ekoheat ES induction system under a flowing Ar atmosphere. 
5.3.2 Melt Spinning   
The components of the melt spinner (Arcast Inc.) are shown in Figure 3-1 and are 
enclosed in a stainless steel vacuum chamber. The equipment consists of (i) a combat-
grade boron nitride crucible with a 3/64” diameter nozzle that was machined in-house 
(the crucible head was replaced every three runs or when the nozzle was abraded beyond 
repair), (ii) RF induction coils, and (iii) the copper wheel (300 mm diameter and 50 mm 
wide) that was water-cooled to 13 ℃ during experiments, and (iv) a collection tube for 
the ribbon.  
In a typical experiment, an approximately 20 g alloy ingot charge was inserted into 
the crucible, the chamber was evacuated and backfilled with purified argon to -10 psig. 
The charge was melted via RF induction heating using a 15 kW power supply and the 
temperature was monitored using a Dias Pyrospot DS 56 N  pyrometer. The crucible was 
then lowered to a preset distance (about 1 mm) above the rotating wheel and the molten 
alloy was ejected via pressurized argon. The jet forms a melt pool on the cold copper 
surface and solidifies into a brittle ribbon that is typically only a few centimeters in 
length, ~1-3 mm in width and a thickness in the range of 20 – 50 μm. The wheel rotation 
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rate used was 3000 rpm. Typically, the entire 20 g ingot was converted to ribbon in under 
5 seconds.  
 
Figure 5-1. Photograph of melt-spun iron-carbon ribbon 
Ribbon microstructures, plan view and cross-section, were investigated using 
Scanning Electron Microscopy (SEM) and Transmission Electron Microscopy (TEM). 
Composition analysis was performed using Energy Dispersive Spectroscopy (EDS) and 
phase analysis was conducted via X-ray Diffraction (XRD). The wheel was prepared 
between each run by polishing with silicon carbide sanding sheets of incrementally 
decreasing grit size and because the literature concludes that the wheel speed is the most 
important parameter that affects the cooling rate [9], the ejection pressure and melt 
superheat were kept constant and only the wheel velocity was varied. 
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Selected samples were mounted longitudinally in epoxy, polished and the 
microstructure of the ribbon cross-section was examined via SEM. Plan view SEM 
micrographs were obtained by mounting the ribbon horizontally on SEM stubs. Ribbon 
thicknesses were measured using a digital micrometer, and a minimum of 4 
measurements were taken for each sample and averaged.  
5.3.3 Dissolution of metal phase to excavate carbon material  
The metal-carbon ribbon was immersed in 5 M HCl solution at room temperature 
to remove the metal phase and excavate carbon in the ribbon. The acid was filtered off 
using a Millipore filter (pore size 1 m) and the remaining carbon material was washed 
with deionized water until neutral. Carbon materials were characterized using SEM, EDS, 
TEM, and Raman spectroscopy. 
5.3.4 Ribbon Annealing  
The melt-spun ribbons with varying carbon contents were annealed in a tube 
furnace under a flowing Ar atmosphere (99.999 %) at 1000 ℃ for 60 minutes. After 
annealing, the ribbon was cooled slowly at 0.06 K/s, from their respective annealing 
temperatures to room temperature. 
5.3.4.1 Characterization tools  
SEM imaging was performed using a Thermo Scientific Helios G4 UC Focused Ion 
Beam/ Scanning Electron Microscope (FIBSEM) instrument equipped with an energy 
dispersive spectroscopy (EDS) detector that was used for compositional analysis. The 
FIBSEM instrument was also used to prepare samples for imaging using the Thermo 
Scientific TF30 Transmission Electron Microscope (TEM). XRD was performed with a 
Bruker D8 Focus diffractometer with CuKα source. Raman spectroscopy was carried out 
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using a Horiba LabRam Evolution Raman microscope with a 532 nm laser line and a 100 
m spot size. 3-point BET surface area measurements were performed commercially 
using a Micrometrics TriStar II 3020 instrument.  
5.4 Results and Discussion   
5.4.1 Microstructural variation in Fe-C alloy  
The iron-iron carbide phase diagram, shown in Figure 5-2, exhibits a eutectic at 
Fe83C17 (at. %). The cross-section of an Fe83C17 ingot prepared by RF melting is displayed 
in Figure 5-3(a). Here, it is evident conventional casting results in the expected lamellar 
microstructure that comprises of cementite (Fe3C) and ferrite (α-Fe), where the maximum 
solubility of carbon in the latter is only 0.09 at.%.  Figure 5-3(b) shows that rapid 
solidification of the ingot results in ribbons with a much finer microstructure compared 
with the ingot. According to the phase diagram, melt spinning should result in lamellar 
microstructure containing austenite and ferrite; however, quenching could also result in 
the formation of the martensite phase, but detailed XRD analysis needs to be performed 
to confirm the presence of these phases.  Figure 5-3 (c) shows ribbon that was annealed at 
1000 ℃ for 1 hr. The domain sizes grew and unlike melt spun Ni-C, the majority of the 
ribbon was devoid of carbon precipitates. XRD patterns of ribbon before and after 
annealing (see Figure 5-4) are identical and show that ferrite, the BCC-Fe crystal 
structure is the primary phase present in the ribbon. One might notice that the (200) peak 
is missing from the XRD pattern. The most likely explanation for this occurrence is that 
the inherent geometry of the ribbon prevents the material from adopting the random 
orientation required to observe all phases, and as a result of adopting a preferred 
orientation, there was systematic error in the (200) peak intensity.  
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Figure 5-2. The iron-iron carbide phase diagram. Adapted with permission from Reference [10]. 
133 
 
Figure 5-3. SEM images (a) Cross-section of Fe83C17 (at. %) alloy showing lamellar microstructure. 
(b) Cross-section of as-spun melt-spun ribbon showing finer features and a small region of carbon 
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precipitates. (c) Cross-section of melt-spun ribbon annealed at 1000 ℃ for 1 hour showing growth 
of domains.  
 
Figure 5-4. XRD Patterns of melt spun Fe83C17 ribbon before and after heat treatment. Peaks 
corresponding to bcc-iron are labeled.  
5.4.2 Microstructural evolution of the carbon after Fe removal  
5.4.2.1 Carbon from As-Spun Ribbon 
The iron in the Fe83C17 ribbon was removed by chemical dissolution in 
hydrochloric acid. From the as-spun ribbon, the morphology of the freestanding material 
was a carbon foam with hierarchical porosity: the walls of the honeycomb lattice 
consisted of nanometer sized pores. It was surprising that an interconnected network of 
carbon could develop from an inhomogeneous ribbon consisting of multiple phases and 
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in a material with a low carbon. The mechanism of formation is not yet well understood; 
however, we suggest that the rapid quenching achieved by melt spinning allowed for the 
preferential supersaturation of carbon in the bcc-Fe interstitials over the other iron-carbon 
phases, increasing the C concentration above the percolation threshold, which is 24.5 at. 
% in the bcc lattice [11]. 
 
Figure 5-5. Carbon foam exhibiting hierarchical porosity formed by chemical dissolution of Fe 
from as-spun Fe-C ribbon 
5.4.2.2 Carbon from Annealed Ribbon 
The carbon foam excavated from melt spun Fe-C ribbon that was annealed at 
1000 ℃ by chemical etching consolidated into millimeter-sized contiguous porous 
carbon sheets, shown in Figure 5-6. The thermal treatment also resulted in the 





Figure 5-6. SEM micrographs of carbon foam fabricated from annealed melt spun Fe-C ribbon 
shown at different magnifications. 
Figure 5-7 shows TEM micrographs of the carbon structure at increasing 
magnifications. The material is comprised of thin sheets of overlapping layers. The 
selected area diffraction pattern and the high resolution image show that the carbon is 
amorphous – it contains no long range order. The low degree of crystallinity in the 
microstructure is confirmed by the Raman spectrum (Figure 5-8) of the carbon foam that 
exhibits the characteristic features of amorphous carbon: a large I(D)/I(G) ratio, broad D 
and G peaks, and near absent 2D band. Graphitization of materials often occurs at 
temperatures around 1000 ℃, so it was unexpected that the carbon foam exhibited such a 
low degree of structural order after annealing.  The BET surface area of the carbon foam 
was found to be 4.5 m2/g (see Appendix B.2), a value comparable with a carbon foam 
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prepared by the carbonization of a monolithic resorcinol-formaldehyde resin at 400 ℃ 
[12]. 
 
Figure 5-7. TEM micrographs of carbon from annealed Fe-C ribbon at different magnifications. 
(Inset) Selected area electron diffraction showing that the carbon is amorphous.  
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Figure 5-8. Raman spectrum of carbon from melt spun and annealed iron-carbon ribbon. 
5.5 Conclusions 
For the first time, a freestanding carbon foam with uniform pore sizes around 5 
μm in diameter was prepared by melt spinning an iron-carbon alloy and subsequent 
chemical dissolution of the metal.  Annealing of the ribbon can alter the porosity, where 
heat treatment transforms the material from exhibiting hierarchical porosity with 
nanometer sized pores in the carbon walls to a consistent honeycomb structure with solid 
walls.  Even after annealing, Raman spectroscopy and TEM analysis revealed that the 
material consisted of stacked layers of amorphous carbon and the BET surface area of the 
material was 4.5 m2/g.     
Future studies on this topic would involve a thorough investigation of the phases 
produced via melt spinning, and if by altering the resultant phases, the type of carbon 
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material can also be varied. BET analysis and Raman spectroscopy should also be 
performed on material from as-prepared ribbon to better understand the effect of thermal 
treatment of the ribbon on the carbon produced. Furthermore, the annealing studies 
should be expanded, characterizing the ribbon and its carbon products after treatments at 
different times and temperatures. Finally, computational studies should be performed to 
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6 Summary and Prospects   
There has been a rich history of research on the topic of carbon from metal alloys. 
The ability to transform carbon into a large variety of functional forms is particular to this 
versatile element.  The purpose of this work was to explore new metallurgical methods of 
engineering technologically useful carbon materials while also elucidating the 
fundamental kinetics and thermodynamics of these processes.  
We proved that liquid metal dealloying is a viable technique by which porous 
graphite with tunable and uniform pore sizes can be fabricated by dissolution of Si from 
SiC in molten germanium. In addition to expanding the set of materials available to 
conventional liquid metal dealloying, we also provided an alternate route to the synthesis 
of a carbide-derived carbide by this method. The kinetics of dealloying for this system 
deviates from the expected behaviors typically seen in both liquid metal and 
electrochemical dealloying of metals; liquid metal dealloying of a non-metal precursor 
exhibits kinetic features of both conventional processes.  
We also transformed commercially prepared graphite into amorphous carbon 
nanospheres and high aspect ratio graphite flakes by melt spinning nickel carbon alloys. 
Melt spinning allowed for solidification rates up to 106 K/s; the resultant Ni ribbon 
consisted of fine grains supersaturated with carbon atoms, where carbon precipitation in 
the Ni grain boundaries was observed for ribbon with higher carbon fractions.  Annealing 
of the Ni-C melt spun ribbon led to the growth of spherical C precipitates within the bulk 
of the ribbon via diffusion-drive Ostwald ripening, but also led to the growth of high 
aspect ratio graphite flakes on the free surfaces of the ribbon.  
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Once we understood the kinetics of the rapid solidification of the metal-carbon 
ribbon, we removed the Ni matrix by chemical dissolution in acid and examined the 
microstructural evolution of the freestanding carbon because of varying experimental 
parameters. By increasing the carbon fraction in the parent ingot and/or increasing the 
annealing temperature of the melt spun ribbon, amorphous nanospheres of carbon were 
sequentially transformed into highly crystalline flakes of graphite where the number of 
layers can also be controlled by varying these parameters.  
Nanoporous graphite with a honeycomb lattice architecture was also prepared by 
melt spinning. The iron-carbon phase diagram is complex compared to that of nickel-
carbon and resulted in a carbon morphology distinct from that produced by the rapid 
solidification of Ni-C alloys. The freestanding carbon foam synthesized from the as-
prepared Fe-C ribbon exhibited hierarchical porosity: the cell sizes were less than 4 μm in 
diameter, but the cell walls contained nanometer-sized pores. Annealing of the ribbon 
before Fe dissolution led to the densification of the walls but the cell sizes remained 
unchanged. The foam, even after thermal treatment, was amorphous with a low BET 
surface area of ~ 5 m2/g.  
  This work showed the utility of dealloying and melt spinning in the fabrication of 
carbon materials. Future work should involve the exploration of alternate systems that are 
amenable to either process. With respect to dealloying, there are potentially multiple 
other carbon-containing systems that may produce carbon materials of technological 
value. For example, via liquid metal dealloying, Gaskey et al. [1] fabricated a self-
assembled porous Nb/Nb5Si3 composite with excellent mechanical properties compared 
to porous Nb by adding small amounts of Si (3 at. %) to the parent alloy. Perhaps, porous 
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carbon/SiC composite materials can be engineered by dealloying of metal-C-Si precursor 
alloy such as Mn-C-Si in molten Bi. Figure 6-1 shows micrographs of a Mn80Si10C10 
sample that was dealloyed in molten Bi and etched in acid to reveal a carbon-containing 
product with highly faceted ligaments. Although the desired composite did not develop, 
we show that this system is amenable to dealloying, and different initial alloy 
compositions may yield interesting carbon materials.   
 
Figure 6-1. (a) Scanning electron micrograph showing Mn80Si10C10 that was dealloyed in liquid Bi 
at 800 ℃. SiC powder was used to make the parent alloy. The light grey areas are Bi rich and dark 
grey areas are ligaments that comprise large amounts of residual Mn (~20 at. %) along with Si and 
C. (b) The dealloyed material post etching in acid shows faceted ligaments that comprised of 94 at. 
% C with some residual Si.  
 The work reported in this dissertation showed that porous carbon films can be 
grown on SiC via dealloying. Future work should explore the dealloying of carbides in 
various form factors. For example, porous carbon powders have utility in a variety of 
applications and the liquid metal dealloying of SiC powders could prove another useful 
technique in the synthesis of high surface area porous carbon powders.  
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 Finally, the fundamental rate-limiting kinetics of electrochemical and liquid metal 
dealloying are well understood. For ECD, the rate-limiting step is the removal of a 
dissolving atom from a terrace site; for LMD, it is the dissolution of the leaving species 
from the pores. However, the kinetics of dealloying a stoichiometric precursor such as 
SiC exhibits kinetic features that do not fall neatly into those two categories. Kinetic 
Monte Carlo simulation can be performed to understand the origins of the interfacial 
reaction that gives rise to the rate-limiting behavior observed when SiC is dealloyed in 
molten Ge.  
 Other materials systems also have the potential to produce technologically useful 
carbon products via melt spinning. For example, the Mn-C phase diagram exhibits even 
higher solubility for carbon than nickel – near 40 at. % at 1400 oC.  However, due to the 
high vapor pressure of Mn, C-Mn alloys are experimentally challenging to cast.  Its vapor 
pressure is reduced by alloying with Ni, and we have successfully melt spun Ni40Mn40C20 
ribbon, shown in  Figure 6-2 (a). Melt spinning of this system yields a novel metallic glass, 
as evidenced by the lack of sharp peaks in the powder diffraction pattern and crystallinity 




Figure 6-2. (a) Ni40Mn40C20 melt spun ribbon. (b) Powder diffraction patterns of Ni40Mn40C20 melt 
spun ribbon before and after annealing showing the heat treatment transforms the ribbon 
microstructure from amorphous to crystalline.  
Mentioned throughout the manuscript were several potential applications for the 
carbon material fabricated in this work. For example, porous carbon can be used in 
electrode materials and water and gas purification devices. The high aspect ratio graphite 
flakes produced by melt spinning Ni-C can also be investigated as a precursor material 
for graphene fibers [2].  
An essential initial impetus for this work involves the reduction in the emission of 
greenhouse gases.  In 2016, 5171 million metric tons of carbon dioxide were emitted into 
the atmosphere by the U.S. from energy related sources such as natural gas [3]. The 
impact of greenhouse gas emissions on climate change has motivated numerous scientists 
to investigate methods to mitigate the deleterious effects of energy production on our 
environment. Our group was no exception. We have investigated the decomposition of 
natural gas into solid carbon and hydrogen over a nickel chloride intermediate. Using 
methane to produce clean fuel, hydrogen instead, we can potentially divert 550 million 
metric tons of CO2 emitted via the combustion of methane [3]. However, a challenge that 
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arises from this process is that massive amounts of solid carbon will be produced. If this 
“waste” carbon can be transformed into value-added materials, there will be a strong 
economic incentive for the relevant industries to adopt methane decomposition methods. 
The work discussed in this manuscript offers techniques to address such challenges while 
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Appendix A: Porous Tungsten Fabricated by the Liquid Metal 
Dealloying of Tungsten Silicides 
A.1 Summary  
Three-dimensional porous W was prepared by dealloying W-Si plasma-sprayed 
coatings and bulk W-Si ingots in molten Ge, following by chemical dissolution of the Ge 
phase to reveal open porosity. The bulk W41Si59 (at. %) parent ingot was dealloyed to 
demonstrate proof-of-concept and the plasma sprayed coating exhibited uniform pore 
sizes that could be controlled by varying the experimental time and temperature.  The W 
ligaments were larger than expected for a material with an exceedingly high melting 
point. It was observed that the W ligament sizes fell above the universal trendline for the 
variation of ligament size with inverse homologous dealloying temperature for metal 
precursors.  However, the ligament dimensions corroborated well with the porous C 
ligament sizes fabricated by the dealloying of SiC, indicating that significant coarsening 
is involved in the dealloying of stoichiometric precursors. The liquid metal dealloying of 
W-Si provides an alternate and facile route for the fabrication of bulk porous W and 
porous W coatings at low temperatures (< 1300 ℃ ) and atmospheric pressure.  
A.2 Background  
Owing to its superlative materials properties, tungsten is an attractive metal for 
applications that require excellent thermal stability, high tensile strength, wear resistance, 
and good dynamic stress compression properties [1]. In particular, porous tungsten is 
used as a matrix in composites; for example, porous W is impregnated with electron 
emissive materials for use in high current density cathodes [2],  W-Re composites are 
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used as rocket nozzles in spacecrafts [3], and porous W infiltrated with Cu is used as 
heat-sink materials for high density integrated circuits [4]. 
 Traditional methods for synthesizing porous W involve sintering of powders 
[2,5]. The inability to finely tune the pore size and porosity coupled with the extreme 
processing conditions of high temperatures (> 2000 ℃) and pressures ( ~ 200 MPa) have 
led researchers to explore more favorable methods of fabrication [3,4]. In 2003, Selcuk et 
al. [6] designed a reactive sintering method to produce porous W at temperatures around 
1200 ℃ with a high degree of uniformity from tungsten powders with average particle 
sizes of 8 μm and 18 μm.  In 2017, Shen et al. [7] reported the fabrication of three-
dimensional porous W with controlled pore size from 1 – 6 μm using a pressureless 
sintering method called tape-casting.  
 The porous W fabrication methods described above involve complicated powder 
metallurgy processing techniques that limit the form factor of the material produced. 
However, McCue [8] reported the fabrication of submicron sized porous W composites 
via the liquid metal dealloying of W-Ti alloys in molten Cu/Ag demonstrating the LMD 
is a feasible route in the synthesis of nanoporous W. In this work, we confirm that liquid 
metal dealloying is a facile route to fabricate porous W monoliths but we also show that it 
can be used to fabricate porous W coatings, which has potential for use in applications 
where high temperature coatings are required.  
W has the highest melting point of any metal and because of this, homogenous W 
alloys are experimentally challenging to fabricate by traditional casting methods. By 
using the eutectic W-Si composition, we were able to prepare bulk tungsten silicide 
ingots via induction melting. The W intermetallics were dealloyed in molten germanium, 
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followed by the chemical removal of the Ge phase in cold aqua regia.  With this system, 
the thermodynamic requirements for dealloying are met: there is limited solubility of W 
in Ge (< 2 at. % at temperatures below 1500 ℃) but Ge and Si and miscible over the 
entire composition range, see Figure A-1. Similar to the dealloying of SiC detailed in 
Chapter 2, WSi2 and W5Si3 are stoichiometric ceramic compounds instead of 
homogeneous metal alloys conventionally used as precursors in dealloying. The 
dealloying process was performed at temperatures below 1400 ℃ and atmospheric 
pressure and produced materials with uniform pore sizes that are tunable by controlling 
the processing temperature. Therefore, porous W synthesized by LMD is a suitable 
alternative to fabrication via powder metallurgy.  
 
Figure A-1 (a) Binary Ge-W phase diagram showing limited solubility of W in liquid Ge below 
1500 ℃. (b) Binary Si-W phase diagram showing a eutectic point at 41 at. % W. © ASM 
International.  
A.3 Experimental Methods 
A.3.1 Bulk Material Preparation  
 The W-Si binary phase diagram shown in Figure A-1(b) displays a eutectic at Si- 
41 at.% W and 2010 ℃ and. Using W pellets (99.95 wt.%) and Si pieces (99.995 wt.%) 
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from Kurt J. Lesker, the parent ingot of the eutectic composition was prepared by 
inductively melting the Si and W in a water-cooled copper crucible using a 45 kW 
Ambrell Ekoheat ES induction system under a flowing Ar atmosphere (99.999 at. %). 
Single samples were melted a minimum of three times to ensure total mixing and 
homogeneity. A ProtoMAX waterjet cutter (OMAX Corporation) was used to make ~ 1 
mm thick slices of the ingot.  
A.3.2 Plasma-Sprayed WSi2 Coating 
The WSi2 coated was prepared at the Johns Hopkins Applied Physics Laboratory 
and the experimental details are proprietary. A coating of WSi2 approximately 250 μm 
thick was plasma sprayed on a bulk W coupon sized 30 mm long x 5mm wide x 3 mm 
thick.  
A.3.3  Liquid Metal Dealloying  
The dealloying process is depicted in Figure A-2. In a typical experiment, a ~ 20 
g mass of n-doped germanium (99.999 wt. % from Kurt J. Lesker) was inductively heated 




Figure A-2. Schematic description of the liquid metal dealloying of a WSi2 intermetallic in liquid 
Ge. Si is selected dissolved leaving behind a porous network of W ligaments.  
A.3.4 LMD of W41Si59 ingot  
A single slice of the W41Si59 ingot was immersed into the liquid Ge at 1300 ℃  
for 120 seconds using a vacuum manipulator arm, after which the sample was raised from 
the bath to initiate cooling and discontinue the dealloying process. The interior of the 
sample retained the microstructure of the parent material and the dealloyed region 
extended from the geometric surface inward to the dealloyed interface; this dealloyed 
region at the sample surface consisted of porous W infiltrated with solid Ge.  
A.3.5 LMD of the Plasma Sprayed WSi2 Coating 
A bar of solid W with a plasma-sprayed with a ~ 200 μm thick WSi2 coating was 
immersed in molten Ge at 1200 ℃ for 30 seconds and 1300 ℃ for 90 seconds in a 
process analogous to that described in Chapter 2.3.1. 
A.3.6 Characterization of As-Dealloyed porous W/Ge Samples  
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Dealloyed samples were mounted in epoxy and mechanically polished through 
their cross-sections. A Thermo Scientific Helios G4 UC Focused Ion Beam/ Scanning 
Electron Microscope (FIBSEM) instrument equipped with an energy dispersive 
spectroscopy (EDS) detector was used to image the material and perform compositional 
analysis.  
A.3.7  Excavation of the Pure Porous Tungsten Phase  
The Ge phase was etched in room temperature aqua regia for 1.5 hours and rinsed 
thoroughly in deionized water before imaging via optical and electron microscopy.  
 
A.4  Results and Discussion  
A.4.1 LMD of W41Si59 ingot 
Typically, dealloying is performed on a homogenous alloy or a single phase 
material such as SiC. However, Yu et al. demonstrated that it is possible to dealloy an 
inhomogeneous precursor when they fabricated porous graphite with two different 
microstructures from an Mn85C15 that phase separated into α-Mn and Mn23C6. A similar 
phenomenon occurs in the LMD of the W41Si49 parent material. The phase diagram in 
Figure A-1(b) shows that W41Si59 is a eutectic composition; therefore, one would expect 
that a melt at this composition would solidify into the typical lamellar eutectic lamellar 
microstructure consisting of WSi2 and W5Si3 phases.   
Figure A-3(a) shows a micrograph of dealloyed W41Si49, where the original parent 
microstructure is also visible. The expected phase separation is evident, the darker grey 
regions are WSi2 and the lighter grey regions are W5Si3. The interface between the 
dealloyed and parent regions is evident and is highlighted by the dashed line in Figure A-
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3(a); however, it is not sharp and parallel to the geometric sample edge as in other 
reported dealloyed materials. In fact, the anisotropy in the parent material is maintained 
and certain regions seem to act as short-circuit pathways for the penetration of Ge into 
the sample. This is the first time such a phenomenon has been observed and is worthy of 
further investigation.   
The dealloyed area, which sits at the geometric edge of the sample, is magnified 
in Figure A-3(b) and here, the Ge rich phase appears as the darkest grey color and the 
lightest grey is the W rich phase. A third phase, highlighted by the green arrow, also 
appears at the boundary between the Ge layer the encases the sample and the porous W. 
It was found to be a heretofore unknown ternary compound that was determined to 
comprise 32 at.% Ge, 45 at.% Si and 23 at.% W. An interconnected network of W 
ligaments that appears to maintain the crystallographic texture of the parent material is 
visible. Figure A-4 shows large faceted lamellar-like W ligaments at the geometric 
sample surface, adjacent to disconnected droplets, followed by an interconnected W 
network that also maintains the crystallographic texture of the parent material. While the 
non-uniformity in the parent material leads to a wide pore size distribution, this 





Figure A-3. Scanning electron micrographs of W41Si59 dealloyed in molten Ge. (a) A distinct but 
non-planar interface between the dealloyed layer and the non-dealloyed parent material is shown 
by the dashed line. The parent material exhibits two major phases: the darker grey regions are WSi2 
and the lighter grey regions are W5Si3. (b) shows a magnification of the dealloyed region. The 
darkest grey phase is Ge rich and the lightest grey phase is W rich. A third phase, highlighted by 
the green arrow, is an unknown ternary compound that was determined to be comprised of 32 at.% 
Ge, 45 at.% Si and 23 at.% W. 
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Figure A-4. Scanning electron micrograph of dealloyed W41Si59 showing large faceted lamellar-
like W ligaments at the geometric sample surface, adjacent to disconnected droplets followed by 
an interconnected W network that maintains the crystallographic texture of the parent material.  
A.4.2  LMD of WSi2 coating 
Figure A-5 shows a scanning electron micrograph of tungsten silicide plasma 
sprayed coating dealloyed in molten Ge at 1200 ℃ for 30 seconds.  The pure W support 
is on the bottom of the image. The parent plasma-sprayed microstructure is in the middle 
region of the image consists of separate WSi2 (which appears as the darker grey color) 
and W5Si3 (lighter grey). Also included are C-rich impurities (black). The highly 
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anisotropic texture observed in the dealloying of bulk W41Si59 is absent here, and as a 
result, the interface between the dealloyed layer and the parent material is sharp, 
continuous and evident, where the dealloyed layer consisting of porous W ligaments 
impregnated with Ge is shown at the top of the image.   
 
Figure A-5. Scanning electron micrograph of a plasma-sprayed tungsten silicide coating dealloyed 
in molten Ge at 1200 ℃ for 30 seconds. The pure W support is on the bottom of the image, the 
parent plasma-sprayed microstructure is in the middle region and the dealloyed layer consisting of 
porous W ligaments impregnated with Ge is shown at the top.   
Figure A-6 shows higher magnification SEM micrographs of plasma-sprayed W-
Si coatings dealloyed in Ge at 1200 ℃ for 30 seconds and 1300 ℃ for 90 seconds.  In 
both images, the lighter grey regions represent the W-rich ligaments and the darker grey 
areas consist of the Ge rich bath that solidified within the W pores. The strong 
crystallographic texture exhibited by the bulk W-Si material was not present in the parent 
plasma sprayed material; however, the latter showed horizontal striations characteristic of 
the plasma spraying process.  In contrast to the porous W prepared by dealloying the bulk 
ingot, both plasma-sprayed samples show a high degree of uniformity in the ligament 
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size. There is a difference in observed microstructure between the samples processed at 
1200 ℃ and 1300 ℃, however, due to coarsening. The material dealloyed at the lower 
temperature developed average ligament sizes of ~ 3 μm, and the ligaments form an 
interconnected network, especially at the interface between dealloyed and parent 
materials where limited reaction time prevented significant coarsening. Ligaments 
became more disconnected closer to the geometric sample edge as this is the region that 
was dealloyed first. At 1300 ℃, the plasma spray coating was fully dealloyed through its 
thickness; W ligaments were larger, ~ 8 μm, and formed as disconnected droplets due to 
the higher temperature and longer dealloying time.  Shown in Figure A-7 is the 
delamination of the coating from the W substrate; this occurrence should be avoided in 
the preparation of the material as a coating for future applications.  
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Figure A-6. (top) SEM image of W-Si plasma sprayed coating dealloyed at 1200 ℃ for 30 seconds. 





Figure A-7. SEM image showing delamination of the porous W/Ge composite prepared by 
dealloying at 1300 ℃ for 90 seconds.  
The Ge was chemically etched from the 1200℃ sample and images of the 
resultant porous W structure are shown in Figure A-8. Removal of the Ge phase does not 
affect the underlying W-Si parent structure and the porous W layer showed good 
structural integrity as it did not disintegrate or delaminate from the layer beneath it.  
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Figure A-8. Scanning electron micrographs of porous W coatings after removal of the Ge phase 
from the pores by chemical dissolution. (a) Ge was etched from the surface dealloyed layer while 
the underlying parent plasma sprayed coating remained pristine. (b-c) Higher magnification images 




A.4.3  Ligament Size  
In Chapter 1.4.5, we discussed the relationship between inverse homologous 
temperature and ligament size: ligament diameter scales with “inverse homologous 
temperature” Tm/Tdealloy for both LMD and ECD [9,10]. According to the trend shown 
previously in Figure 1-12, materials with higher melting points form smaller ligaments 
when dealloyed. In this work, the sizes of the porous W ligaments ranged from 10 – 80 
μm, values that are much larger than expected for a metal with a melting point as high as 
3422 ℃. Figure A-9 shows an updated version of Figure 1-12 that includes the W data 
points acquired in this work; we see that W ligaments do not obey the usual relationship 
between homologous temperature and ligament size first described by Chen and 
Sieradzki. We saw in Chapter 2 that porous carbon dealloyed from a SiC precursor also 
falls above the observed trend line for porous materials fabricated from the dealloying of 
metal precursors. In fact, as depicted in Figure A-9, there seems to be a significant 
coarsening in the dealloying of stoichiometric precursors. In traditional dealloying, 
coarsening is mediated by thermally activated surface diffusion of the remaining 
component. We surmise that the chemical changes that simultaneously accompany 
surface diffusion may add complexity to the rate-limiting steps observed in traditional 
dealloying, the result of which is increased expected ligament diameter.  
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Figure A-9 Trend in ligament diameter versus inverse homologous temperature (Tm/Tdealloy) for 
electrochemical dealloying and liquid metal dealloying at different times, shown as grey triangles 
for metal systems (adapted with permission from reference [9]. Error bars represent one standard 
deviation. For comparison, the trend between ligament diameter and inverse homologous 
temperature for SiC (Tsublimation/Tdealloy) is shown as green squares. Error bars lie within the data 
markers. The data for porous Wi is shown as the green diamond. 
A.5  Conclusions and Future Work 
Porous W was successfully prepared by dealloying two different form factors of 
tungsten silicide precursors: a bulk ingot and plasma sprayed coatings. Ge was used as 
the liquid medium to selectively dissolve the Si from the stoichiometric parent materials 
and upon termination of the dealloying process, pulling the sample out of the bath, the Ge 
solidified in the pores forming a composite that comprised of porous W with Ge within 
its pores. The Ge phase was excavated by chemical dissolution in room temperature aqua 
regia to reveal porous W with open porosity.  
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The W ligaments were larger than expected for a material with an exceedingly 
high melting point;  the W ligament size did not fall on the universal trendline for the 
variation of ligament size with inverse homologous dealloying temperature for 
conventional metal precursors.  However, the ligament dimensions corroborated well 
with the porous C ligament sizes fabricated by the dealloying of SiC, and we hypothesize 
that both systems are affected by an additional chemical step is involved in the dealloying 
of stoichiometric precursors. The liquid metal dealloying of W-Si provides an alternate 
and facile route for the fabrication of bulk porous W and porous W coatings at low 
temperatures (< 1300 ℃ ) and atmospheric pressure.  
Future experiments would involve impregnating the pores with different materials 
to form composites that would vary depending on the application. It was also observed 
that the pore sizes in the coating could be varied by altering the experimental times and 
temperatures, allowing the material microstructure to be tuned for specific uses. 
Additionally, since the precursors W-Si alloys were inhomogeneous and contained 
distinct WSi2 and W5Si3 phases, discrepancies between the dealloying of these two 
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Appendix B: BET Surface Area Reports for Carbon from Melt 
Spun Ribbon 
Performed by Particle Technology Labs, Downers Grove, IL 
Instrument: Micrometrics TriStar II 3020 
Technique: Static Pressure Gas Adsorption/Volumetric 
Degassing Conditions: 1 hour, 105 ℃, Vacuum 
 
B.1  Carbon from As Spun Ni92C8 ribbon  
Started:     1/5/2021 11:14:40 AM 
Completed:     1/5/2021 9:19:54 PM 
Report Time:    1/6/2021 8:30:51 AM 
Sample Mass:     0.2529 g 
Cold Free Space:    41.0314 cm2 
Low Pressure Dose:   None 
Automatic Degas:    No 
Analysis Adsorptive:   N2 
Analysis Bath Temp.:    77.350 K 
Thermal Correction:    No 
Warm Free Space:    13.6806 cm3 Measured 
Equilibrium Interval:    20 s 
Sample Density:    1.000 g/cm3  
 
BET Report 
BET Surface Area:   203.3466 ± 1.1470 m2/g 
Slope:      0.021338 ± 0.000120 g/cm3 STP 
Y-Intercept:    0.000067 ± 0.000009 g/cm3 STP 
C:     321. 350873 
Qm:      46.7186 cm3/g STP 
Correlation Coefficient:   0.9999841 







0.012354454 38.4975 0.000325 
0.048937622 45.9965 0.001119 





























B.2 Carbon from Fe83C17 ribbon annealed at 1000 ℃  
 
Started:     1/5/2021 11:14:40 AM 
Completed:     1/5/2021 9:19:54 PM 
Report Time:    1/6/2021 8:32:10 AM 
Sample Mass:     0.0432 g 
Cold Free Space:    42.3052 cm2 
Low Pressure Dose:   None 
Automatic Degas:    No 
Analysis Adsorptive:   N2 
Analysis Bath Temp.:    77.350 K 
Thermal Correction:    No 
Warm Free Space:    14.1014 cm3 Measured 
Equilibrium Interval:    20 s 
Sample Density:    1.000 g/cm3  
 
BET Report 
BET Surface Area:   4.4714 ± 0.1723 m2/g 
Slope:      0.955078 ± 0.037341 g/cm3 STP 
Y-Intercept:    0.018352 ± 0.003640 g/cm3 STP 
C:     53.041085 
Qm:      1.0273 cm3/g STP 
Correlation Coefficient:   0.9992366 







0.014198395 0.4757 0.0302077 
0.074838138 0.8719 0.092772 





















PhD Johns Hopkins University, Materials Science & Engineering          Mar 2021 
Dissertation: “Novel Metallurgical Approaches to Carbon  
Transformations” 
 Advisor: Jonah Erlebacher  
MS Howard University, Chemistry  2015 
 Thesis: “The Charge Transfer Effects of NH3 and NO2 molecules  
 on the Raman fingerprint of graphene” 
 Advisor: Joshua Halpern 
BS Howard University, Chemistry, Biology  2012 
 Magna Cum Laude, Phi Beta Kappa 
  
RESEARCH EXPERIENCE 
 Research Assistant, Johns Hopkins University, Baltimore, MD            Sep 2015 - present 
• Conceptualized and designed a process to synthesize porous graphite via the 
liquid metal dealloying of silicon carbide at temperatures up to 1400 oC, 
introducing a novel technique to fabricate porous carbon materials from 
ceramics.  
• Performed the first kinetic analysis of the liquid metal dealloying process on a 
non-metallic precursor in the literature.  
• Developed a novel technique to sequentially transform graphite into various 
morphological forms, from carbon black to graphene to graphite, using a rapid 
solidification technique followed by high temperature post-processing 
treatments. 
 
Research Assistant, Howard University, Washington, DC                   Jan 2013 - Jul 2015 
• Successfully fabricated graphene electrical chip devices using 
photolithography in a clean room environment.  
• Successfully determined the charge transfer effects of gaseous environmental 
pollutants (NOx and NH3) on the Raman fingerprint of graphene establishing 
potential use of graphene as a gas sensor.  
 
 Research Assistant, Howard University, Washington, DC                   Jun 2011- May 2012 
• Redesigned and rebuilt an existing spray pyrolysis system to improve function.  
• Optimized growth parameters to successfully grow doped and undoped 






• Greenidge, G., Erlebacher, J., Porous Graphite Fabricated by Liquid Metal 
Dealloying of Silicon Carbide, Carbon. 165, 45-54 (2020) 
 
• Zeng, Y., Gaskey, B., Benn, E., McCue, I., Greenidge, G., et al. Electrochemical 
dealloying with simultaneous phase separation, Acta Materialia 171, 8–17 (2019) 
 
• Greenidge, G., Price, S., Erlebacher, J., Carbon Transformation in Melt Spun 
Nickel Carbon Ribbon (under review) 
 
PRESENTATIONS 
• Greenidge, G., Erlebacher, J., Porous Graphite Fabricated by Liquid Metal 
Dealloying of Silicon Carbide, TMS Meeting, 2021 (Oral) 
 
• Greenidge, G., Erlebacher, J., Porous Graphite Fabricated by Liquid Metal 
Dealloying of Silicon Carbide, Harvard University, Invited Talk, March 2021 
(Oral) 
 
• Greenidge, G., Erlebacher, J., Porous Graphite Fabricated by Liquid Metal 
Dealloying of Silicon Carbide, TMS Meeting, 2020 (Poster) 
 
• Greenidge, G., Erlebacher, J.,  Synthesis of Porous Graphite by Dealloying 
Silicon Carbide, International Symposium on Nanoporous Materials, 2019 (Oral 
& Poster) 
 
• Greenidge, G., Erlebacher, J., Carbon Materials from Rapidly Solidified Nickel-
Carbon Alloys, MRS Fall Meeting, 2018 (Poster) 
 
• Greenidge, G., Halpern J., Effect of adsorbed gases on the G and D peaks of the 
Raman spectrum of graphene, APS March Meeting, 2015 (Poster) 
 
• Greenidge, G., Halpern J., Adsorption of water vapor on graphene, MRS Fall 
Meeting, 2015 (Poster) 
 
• Greenidge, G., Halpern J., Transparent ZnO and doped ZnO semiconducting 
thin films grown by spray pyrolysis, ACS March Meeting, 2012 (Poster) 
 
PATENTS 






Johns Hopkins University 
• Edward A. Bouchet Graduate Honor Society Member                   2021 
• Louis M. Brown Engineering Fellow                        2015 – 2016 
 
Howard University 
• The Onassis Foundation Lecture Series: 
Nanoscience & Nanotechnology Scholarship Recipient        2013 
• College of Arts and Science Honors Graduate                            2012 
• Undergraduate Research Symposium 2nd Place Poster           2012 
• Capstone Scholar                 2008 – 2012 
• Dean’s List Honors            2008 – 2012 
• 11 Awards for Excellence in Chemistry                  2008 – 2012 
 
LEADERSHIP EXPERIENCE 
• JHU Diversity Leadership Council           2019 – 2021  
• JHU Doctor of Philosophy Board           2018 – 2019  
 
TEACHING EXPERIENCE 
Johns Hopkins University Teaching Assistant  
• Management and Technology Consulting            2018 – 2020 
• Demand Discovery: Finding and Creating Customer Value       2018 – 2019 
• Kinetics and Phase Transformation           2017 
• Nanomaterials Lab              2017 
 
VOLUNTEER EXPERIENCE 
• Volunteer for Family Engineering Day | Johns Hopkins University        2019 
• Graduate Student Mentor | Materials Research Society                               2017 
• Graduate Student Mentor | Howard Middle School                    2013 - 2015 
• Volunteer at NanoDays | Museum of Science, Boston         2015  
 
